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BRITTLENESS IN FERRITIC Fe-Mn ALLOYS
by .
Mohammad Nasim
Synopsis
The cause of intergranular brittleness in a number of alloys based on Fe-SIMn has been investigated. The inter­granular brittleness in as-water quenched alloys was mainly because of segregation of N to austenite grain boundaries, but some specimens did show the presence of P as well. A de­segregation of carbon in the vicinity of the grain boundaries was also observed which may have also contributed to embrittle­ment. This embrittlement was further enhanced on air cooling, with segregation of N and Mn to prior~austenite grain boundaries. On ice-brine quenching the alloys, the DBTT was lowered. Intergranular fracture was avoided and the brittle fracture mode changed to cleavage. However, preliminary examination by AES indicated a rise in N content on the cleavage facets.
Aging quenched alloys at 450°C resulted in a rapid rise in DBTT and further embrittlement, with further segregation of Mn, N and at a later time P, to prior austenite grain boundaries. Reverted austenite was not detected until after 60h at 450°C, and the hardness rose <12HV30 on aging. These factors were thought to have little effect on embrittlement.
Analysis of segregation kinetics at 450°C showed that the segregation of Mn and P was consistent with bulk diffusion of Mn and P in a-Fe, while measurement of the kinetics of embrittlement by tensile ductility tests indicated that diffusion of N in a-Fe was the main rate controlling factor in isothermal embrittlement.
Above 450°C reverted austenite formed rapidly on aging and was thought to be responsible for de-embrittlement.
A thermal cycling treatment was devised to overcome embrittlement. Such treatment caused improvement in impact toughness through refinement of grain size and introduction of y and e phases into the microstructure. The alloys showed resistance to embrittlement at 450°C and evidence of deformation induced transformation on tensile testing at -78°C.
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Most of the recently developed high-strength and cryogenic 
steels are expensive since they contain nickel as a major 
alloying element. Manganese is a cheaper alternative to nickel 
and produces similar effects upon the austenite to ferrite 
transformations (1,2) which could allow cheaper alternatives to 
nickel steels.
Whether Fe-Mn alloys can be used as a basis for cryogenic 
high-strength steels, however, will depend on the mechanical 
properties that can be achieved. Earlier work in the 
department (1,3) indicated that although comparable strength 
levels could be obtained in Fe-Mn alloys to those of Fe-Ni 
alloys, such alloys were very brittle. This brittleness occurred 
at the prior-austenite grain boundaries and was thought to be due 
to temper brittleness. Subsequent work by Freeman (4) and 
Gabbitas (19) confirmed these findings but no insight was 
obtained into the nature of the embrittlement mechanism.
The present studies were undertaken to identify the nature 
of this embrittlement in ferritic iron-manganese alloys and 
determine methods of improving the low-temperature toughness of 
these alloys.
2.0 LITERATURE REVIEW
2.1 Introduction
The aims of the present research have been described in the 
introduction. This section examines the structure and properties 
obtainable in Fe-Ni and Fe-Mn alloys with emphasis on the 
characteristics of the brittleness phenomenon found in Fe-Mn 
alloys.
2.1.1 Equilibrium Diagrams
Fig 1 and Fig 2 show the equilibrium diagrams for the 
Fe-Mn and Fe-Ni systems respectively. Both Mn and Ni have 
similar effects on austenite stability except that the former 
element depresses the (a + yj^ y phase boundary more Severely than 
the latter. For both alloy systems at lower- temperatures the 
equilibrium phases are a mixture of ferrite and austenite over a 
wide range of alloy contents. In practice the equilibrium 
phases are not formed due to the very slow nature of the 
equilibrium reaction and instead a variety of transformation 
products are formed. Figures 1(b), 2(b) show the transformation 
temperatures observed in these alloys.
2.1.2 Phase Transformations in Fe-Ni and Fe-Mn Alloys
Five basic modes of transformation of austenite, which do
not involve carbide separation, have been established for 
iron-alloys and are briefly described as follows:
Equiaxed Ferrite:
Austenite decomposes to ferrite during cooling by 
nucleation and growth. The nucleus is thought to be an 
incoherent grain-boundary allotnomorph (5). Since the trans­
formation occurs by rapid movement of the incoherent boundary, 
there is no change in composition and growth is unaffected by 
prior-austenite grain-boundaries. No surface tilting is 
observed on pre-polished surfaces confirming that no shears are 
involved in the formation of equiaxed ferrite (6). The result­
ing structure consists of equiaxed ferrite grains of fairly low- 
dislocation density (7).
Massive Ferrite:
This reaction also occurs by rapid movement of an incoherent 
boundary to give grains of ragged outline and high dislocation 
density (7). However in this case the nucleus is thought to 
be a coherent grain-boundary allotnomorph with a semi-coherent 
boundary along the austenite grain-boundary and a semi- 
spherical incoherent cap (5). Since the nucleus is semi- 
coherent, strain energy is produced in the nucleus opposing 
transformation and forcing transformation to occur at a lower 
temperature than equi-axed ferrite (5).
Lath Martensite:
This has also been referred to as "self-accommodating" (8) , 
massive (12) or "slipped” (10) martensite but is usually termed 
lath martensite (9). It is generally regarded as the product of 
austenite decomposition to body-centred cubic ferrite via a shear 
mode of transformation (9). The structure produced is often 
characteristically described as "Widmanstatten" ferrite but it 
should not be confused with the Widmanstatten ferrite formed in 
carbon steels. Lath- martensite consists of parallel laths with 
a high dislocation density (11). In this martensite the 
"Inhomogeneous shear" is thought to occur by slip (11).
Twinned Martensite:
This is sometimes incorrectly referred to as acicular 
martensite (12). The martensite appears as lenticular plates 
in optical micrographs, whose internal structure is cross- 
hatched by transformation twins (13). In Fe-Ni alloys the 
crystal structure is body-centred cubic but is body-centred 
tetragonal in carbon steels. The inhomogeneous shear in this 
case is supplied by the internal twins.
Epsilon Martensite:
This occurs chiefly in steels whose austenite has a low 
stacking fault energy (eg 18 Cr 8 Ni stainless steels (14) and 
Fe-Mn in the composition range 101 to 30% Mn) and is generally 
believed to represent an intermediate stage in the decomposition 
of austenite to ferrite. Its structure is hexagonal close- 
packed and it forms in parallel sided bands bounded by the 
{111} austenite planes (14).
Breedis and Kaufmann (15) suggest that epsilon martensite 
is only found in those alloy systems where solute additions 
decrease the stacking fault energy of austenite to very low 
values approaching zero. At these very low stacking fault 
energies, the energy necessary for the y ->• e transformation is 
reduced below that of the y -*■ a transformation and thus a 
metastable e phase is formed. There are a variety of means, 
eg Cold-working (16,17), tempering (18) or sub-zero treatment 
by which epsilon can be made to transform to a body-centred 
cubic ferrite whose structure closely resembles that of lath 
martensite (19).
Other Transformation Products
Other products of austenite decomposition such as pearlite 
or bainite usually involve carbide separation, and so have not 
been included in the above list. However, the inclusion of a 
bainitic mode of transformation may be justified, since there 
are reports (20,21) of an isothermal shear transformation in 
binary iron alloys containing virtually no carbon. From a 
structural aspect this isothermal transformation product 
resembles lath martensite.
2.1.3 Mechanical Properties of Fe-Ni and Fe-Mn Alloys 
Nickel Steels
In the last decades, there has been a considerable develop­
ment in the production and uses of liquified gases in petro­
chemical and missiles industries, which inevitably caused a 
growing need for a suitable material for easy storage and 
handling of these products in these industries. This led to 
the development of 9!Ni steel which actually is the only 
engineering material available covering the needs between 
3.5$Ni and austenitic stainless steels. The following table 
taken from the work of Hardwick (22) indicates the usage of 
nickel steels for different applications depending on the 
boiling points of these respective gases.
Ammonia -33.4°C— i|| 
-45. S°C Propane -42.1°C-®|
Carbon Steel
Propylene -47.7°C— 
59.0°C Carbonyl Sulphide -50.2°C— pjj 2.25% Ni Steel
Hydrogen Sulphide -59.5°C—t/j
Carbon dioxide -78.5°C— H  
Acetylene -84.0°C— H  
-101°C Ethane -88.8°C fei
3.5% Ni Steel
Ethylene -103.8°C—
Methane -161.5°C— |J|
Oxygen -182.9°C— 
Argon -185.9°C-S 
-195°C Fluorine -188.1°C |3
t
9% Ni Steel
Nitrogen -195.8°C—H
Neon -246.1°C-|1 
Deuterium -249. 8°C— 
Hydrogen -252.6°C—
Helium -268.9°C-fi
Austenitic Stainless Steel
Steels for low temperatures; us-ed under conditions 
defined by the normal boiling points of liquefied gases(22)
In all these applications at low-temperature the impact 
strength is considered most important, in addition to other 
properties such as strength, fabricability, weldability, 
availability and cost.
A typical compostion of 9!Ni steel is 0.08C, 0.25Si,
0.75Mn, 9.0Ni and the heat treatment originally designed for 
this steel was a double normalize from 900°C and 790°C followed 
by a temper at 570°C and air cool to room temperature. But 
recently this heat treatment has been modified to a single 
quench in oil or water from 900°C followed by a conventional 
temper at around 570°C. The mechanical properties obtained 
after this heat treatment in small section bar and plate are 
as follows (2 2):-
0.2IPSN/mm2 UTSN/mm2 Elongation%
R of A0.0 Charpy V-notch(J)
RT -196
618 722 30 70 163 61
In this tempered condition the structure consists of an 
austenite/ferrite mixture, with austenite having been nucleated 
at carbides previously precipitated at the lath boundaries. This 
austenite has a high alloy content and thus it is stable down 
to temperatures below -196°C (23). The tempering temperature 
and time of tempering are regarded as the important controlling 
factor for this impact energy value at -196°C.
In figure 3, the variation in Charpy impact energy at RT 
and at -196°C is plotted as a function of tempering temperature. 
It is shown that 9!Ni steel exhibit good impact energy value when 
tempered between 500-600°C. From the studies of the effect of 
cooling rate after the tempering treatment and the examination 
of microfractographs (23) it was concluded that the drop in the 
impact energy below 500°C was due to the phenomenon of temper - 
embrittlement. The drop in the impact energy when tempered 
at 600°C is thought to be due to the instability of reverted 
austenite islands which form at the tempering temperature and 
undergo transformation to martensite on cooling to r o o m - 
temperature, resulting in untempered martensite.
Brophy and Miller (24) in 1949 were the first to explain 
that the improvement in low-temperature toughness of 9$Ni 
steel after being tempered at 570°C was mainly due to formation 
of stable austenite islands. Marschall et al (25) extended
their work and confirmed the beneficial effect of stable 
austenite islands.
During the development of this explanation of the role of 
austenite islands, Kron et al (26) gave another reason that 
improvement in low-temperature toughness in 9%Ni steel was 
mainly through excellent low-temperature properties of high nickel 
ferrite. According to them, the drop in impact energy at high 
temperatures was mainly through the formation of un-tempered 
martensite after being cooled to room temperature. They 
suggested that appearance of austenite phase was mainly 
accidental (26).
However, the recent work of Naghashima et al (2 3) has con­
firmed that the improvement in low-temperature toughness of 9$Ni 
steel is predominantly affected by the formation of reverted 
austenite islands. They actually studied the effect of tempering 
temperature on the mechanical properties and amount of reverted 
austenite formation and its stability at room temperature and at 
-196°C. Naghashima et al (23) reported that the peak in 
impact energy did not coincide with the peak in amount of 
reverted austenite formation as shown in figure (4a, 4b). This 
observation made it clear that the reverted austenite appearance 
was not the only contributory factor in this improvement of low- 
temperature toughness in 9!Ni steels.
The mechanisms of the improvement of low-temperature 
toughness in 9%Ni steels and the recently developed 6!Ni steels 
by heat treatment in the (a + y) phase region will be discussed 
in detail in sections 2.4.2 and 2.4.3. It is thought that 
in addition to the crack-blunting effect of austenite islands, 
the improvement in low-temperature toughness is also through
grain -refinement (27) and possibly removal of the embrittling 
effect of the small quantities of manganese and other solutes 
found in these alloys (28) by dissolution in austenite.
Manganese Steels
Manganese is used extensively in low-alloy steels due to its 
effect in increasing hardenability and retarding softening on 
tempering. However, apart from Hadfield’s manganese steel which has 
been known for a number of years, manganese has found very little 
use in high alloy materials.
Recently Bolton (1) and Freeman (4) examined the phase -■ 
transformations and mechanical properties of Fe-Mn alloys follow­
ing the studies of the mechanical properties and structure of 
the Fe-Mn systems reported by Schumann (29). The interest has 
been stimulated mainly by economic and strategic considerations 
with reference to the use of Mn as a substitute for nickel, 
especially in high-alloy steels. The use of Fe-Mn alloys as a 
base for cryogenic and high-strength steels depends on the 
mechanical properties that can be achieved. Both of these'studies 
indicated that high-strength levels could be attained in Fe-Mn 
alloys but at the same time these alloys were found exceedingly 
brittle.
The mechanical properties of Fe-Mn alloys in the composition 
range 0-20!Mn were first studied by Walter et al (30). It was 
found that in the normalized condition, a peak in strength of 
about 770 N/mm2 was attained at approx 1090Mn but these alloys 
showed very low toughness. Tempering at 540°C produced a slight 
decline in strength but toughness was slightly improved.
Examination of the tensile and impact properties of Fe-Mn 
alloys containing up to 5$Mn(31) showed that the martensitic 
alloys were extremely brittle with the occurrence of inter­
granular fractures. As a result of more recent work on the 
mechanical properties of ferritic Fe-Mn alloys and their 
relationship to microstructures, it has been suggested (3,4) that 
the most likely cause of brittleness was a classical temper 
brittleness effect. This intergranular brittleness in ferritic 
iron-manganese alloys is discussed more fully in section 2.1.6.
Holden et al (2) found that when the Mn content exceeded 
10% in Fe-Mn alloys, a mixture of (a + e) phases were obtained 
and beyond 15%Mn a mixture of (a + £ + y) phases resulted. Also 
within these compositions austenite was found to be stable even 
at liquid nitrogen temperatures. Such alloys had excellent 
impact toughness with an impact transition temperature below 
-80°C. Recently Zackay et al (32) attempted to examine the 
cryogenic properties of this mixture of microstructures,
(a + e + y ) , by varying Mn content (Fig. 6-10). They found that 
increasing Mn content in a-solid solution was detrimental to 
low-temperature toughness (Fig.7). At Mn > 12pct appreciable 
amounts of e and y phases were formed which consequently lowered 
the Ductile-brittle transition temperature, (DBTT), rapidly. This 
work also showed that the drop in DBTT was at the rate of 1.3°C/ 
vol pet (e + y) Fig.8. However figure 9, shows that this 
increase in impact toughness was obtained at the expense of a 
decrease in yield strength. This decrease in yield strength with 
increasing amounts of £ was thought (32) to be due to localised 
flow in the weaker £ phase and stress induced transformation of 
£ to a .
2.1.4 Comparative aspects in Fe-Ni and Fe-Mn alloys
In the recent studies (1,4) on Fe-Mn alloys, it has been 
indicated that the approximate phase-composition limits and mode 
of transformation in the normalized condition are as follows:
CompositionLimits Structure Mode of Transformation
0-3% Mn Equiaxed Ferrite Diffusion dominated
3-4% Mn Mixture of Bainite and Martensite (1)
Intermediate type o-f structure (4)
£o\°0i—i1 Lath Martensite Shear dominated
Similarly the phase composition limits and mode of trans­
formation in Fe-Ni alloys has been reported to be (4):
CompositionLimits Structure Mode of Transformation
0-6% Ni Equiaxed Ferrite Diffusion dominated
6-9% Ni Intermediate type of structure
9-25% Ni Lath martensite Shear dominated
These limits have been found to vary with the carbon content 
and cooling rate. However, it is interesting to note that 
the composition limits for Fe-Ni system are about twice those 
observed in Fe-Mn system.
The lath-martensite structure found in Fe-Mn (4-10% Mn) and 
Fe-Ni (9-25% Ni) systems is independent of cooling rate and is 
a shear dominated product. It has been found to be structurally 
identical in the same heat-treated condition eg similar lath 
sizes and austenite grain size/packet size ratios (4). Thus
similar morphologies are produced in both systems, except that 
in Fe-Ni systems, the structures are produced at higher alloy 
content than for the same structure in the Fe-Mn system.
Both manganese and nickel have been found to depress the 
y->a transformation temperatures ,with manganese showing greater 
effect than nickel. The transformation diagrams for Fe-Mn and 
Fe-Ni system are shown in (Figure lf2T|,In fig. 1(b), fig. 5 
shown that when manganese concentration exceeds 10 pet, the 
transformation products at room temperature consist of a-lath 
martensite (formed via epsilon martensite) austenite and epsilon 
martensite. In the Fe-Mn system, this intermediate martensitic 
transformation resulting in hep epsilon martensite is thought 
to be mainly because of the low stacking fault energy of the 
austenite. In the Fe-Ni system, the austenite is of high 
stacking fault energy, so the epsilon intermediate transformation 
product does not form and in this case y->a transformation occurs. 
Retained austenite is observed at 25%Ni and the martensite 
morphology changes from lath to plate (twinned) martensite.
The microstructural studies on Fe-Mn and Fe-Ni systems 
have thus shown that they exhibit similar structures over the 
composition ranges 0-10% for Fe-Mn and 0-25% Fe-Ni alloys.
It is reported that the same strength level in the normal­
ized condition can be expected in (8-10% Ni) and (4-6% Mn) 
alloys having lath-martensitic structure (1). Therefore as far 
as strength level and solid-solution strengthening is concerned 
both systems are virtually identical and on this basis, it is 
thought that Mn can be substituted for nickel and both these 
alloys should have similar mechanical properties.
However, the major difference between the two systems was 
found when the low-temperature toughness properties were 
examined. It has been reported that Fe-Mn lath-martensite alloys 
are very brittle having ductile-brittle transition temperature 
above the ambient temperature (3,4,32); whereas Fe-Ni 
martensitic alloys are much tougher having ductile-brittle 
transition temperature well below the room temperature. This 
is illustrated in figures 6,7. Moreover^a considerable improvement 
in impact energy and other mechanical properties was achieved 
on tempering Fe-Ni alloys (22,23). The beneficial effect of nickel 
in lowering the ductile-brittle transition temperature (DBTT) of 
iron-carbon alloys was studied by Brophy and Miller (24) in 
1949. Later studies indicated that nickel also lowers the
DBTT of carbon-free iron. Although the mechanism for this 
improvement in notch toughness is not yet clear, it seems 
possibly that nickel raises the cleavage strength of iron and 
influences the ease of dislocation movement in the crystal 
lattice rather than an effect on microstructure (33). Manganese 
is often thought to improve the low-temperature ductility of Fe 
but apparently behaves in a different way than nickel. Jolley 
(34) reported that manganese improved the notch impact properties 
of Fe only in the presence of carbon and suggested that the 
effect of Mn was through changes in morphology and distribution 
of carbides. Roberts (7) studied up to 9 pet Mn alloys using 
high-purity alloys which had been subjected to wet hydrogen 
treatment to reduce carbon and nitrogen to low levels. He 
only observed cleavage fracture below the DBTT on impact 
testing his alloys, although it should be noted that Roberts 
only used normalised or quenched specimen for determining DBTT.
The effect of tempering on DBTT and fracture appearance was not 
studied. Roberts results showed that impact toughness and DBTT 
were insensitive to the manganese content but were affected by 
the transformation substructure and grain size, Figure 11. The 
grain size dependence reported by Roberts also agrees with that 
reported by Leslie (35) and Sasaki (36) for Fe-Ni alloys.
2.1.5 Factors Effecting toughness in steels
In this section the basic mechanisms governing toughness in 
steels will be discussed before more detailed discussion of 
embrittlement in particular alloy systems.
The variation of yield strength of iron with temperature
One of the most striking differences between the bcc and 
the fee metals is the manner in which their resistance to 
deformation is affected by a decrease in temperature below room 
temperature. In general, the bcc metals exhibit a sharp rise 
in yield stress or critical resolved shear stress for slip, 
whereas the fee metals do not. The low-temperature brittleness 
of many of the bcc metals is generally atrributed to this 
change in resistance to plastic deformation. Since crack nucleation- 
becomes more probable and crack propagation becomes easier as 
the resistance to plastic flow is increased. In figure 12(a),- 
the results of a number of investigations on slightly impure iron 
where the difference - c^ q q o k  is plotted as a function of 
temperature. Here ^ q q Ok is the yield point at room'temperature 
and is the yield point at the lower temperature. It is shown 
that, despite a range of carbon contents and grain sizes, the 
general trend is almost the same for all sets of data. Until
recently (41) the rise in the resistance to deformation was 
attributed to the pinning of dislocations by interstitial 
impurities; and it was anticipated that if sufficiently pure 
iron was made, then perhaps both the steep rise in the yield 
strength and brittleness at low temperatures could be avoided. 
The contribution of interstitial impurity pinning to these 
effects has been the subject of controversy by Helsop and Petch 
(42) and Stein and Low (43). Both authors concluded that the 
friction stress rather than the pinning stress rises as the 
temperature was decreased, but they admitted that the impurities 
also strongly influenced the low-temperature behaviour.
While comparing the behaviour of single crystal and 
polycrystalline iron, it was found that at low temperature the 
polycrystalline curve lies above the single crystal curve. This 
suggested that in addition to an increase in friction stress 
at low temperature (single crystal curve) there is an increase 
in the grain boundary interference with slip as well (41).
It is found that at about 77°K and below, the initial 
yielding appears to occur by twinning rather than by slip (44, 
45) and the course of the yield stress-temperature curve is 
changed to a lower slope. The data reported by London et al 
(46) on the variation of yield strength with temperature of 
zone-refined iron also showed that even the yield strength 
values are not greatly different from an impure iron shown 
in fig.12(a). This observation also contradicted the 
suggestion of Conrad (41) who suggested that the steep rise in 
yield stress at low temperatures was due to interstitials. Later 
on, Low (43) experimented by removing C and N to the lowest
possible levels from an impure low-carbon steel by wet hydrogen 
treatment. He decarburized for 16 hours in wet hydrogen at 
700°C, the carbon was reduced to (0.006-0.00161) and the 
nitrogen to 0.0005% with other elements not affected by 
decarburization. This treatment even eliminated the yield 
point and strain aging but it did not greatly affect the rise 
in the yield strength at low temperature.
Figure 12(b) taken from Stein’s work (47) shows that the yield 
stress of iron is still strongly temperature dependent when the 
interstitial content is extremely low.
On the basis of all this evidence it seems likely that the 
steep rise in yield stress of iron at low temperatures is 
characteristic of the b.c.c. crystal structure rather than due 
to the presence of small amounts of interstitials, however this 
conclusion is still one of controversy.
The Ductile-Brittle Transition in Iron-base Alloys
If the deformation of iron or a ferritic iron alloy is studied 
at successively lower temperatures, a temperature is eventually 
reached when the material breaks in a brittle manner rather than 
ductile behaviour.
Deformation can be carried out by a variety of methods, such 
as tensile testing or impact testing, but the temperature at 
which the transition occurs depends upon the method of testing 
as well as microstructural effects such as grain size. In 
general high strain rates and/or the presence of notches raises 
the DBTT while small grain sizes lower the DBTT. The energy 
required for brittle fracture is very low and considerably
less than that required for ductile deformation.
By experimenting with mild steel and different grain sizes under 
compression and tension. Low (48) showed that brittle fracture 
occurred when the fracture stress coincided with the yield stress.
Thus the low-temperature brittleness of iron is due to the 
steep rise in yield stress which occurs as the temperature is 
lowered until it eventually exceeds the fracture stress. In 
f.c.c. materials the temperature dependence of the yield stress 
is so low that the fracture stress is never exceeded. The 
effect of notches on increasing the DBTT can also be explained 
on the basis of the coincidence of the yield and fracture 
stresses. The effect of the notch is to locally raise the stress 
in the vicinity of the root of the notch thus exceeding the frac­
ture stress and resulting in premature failure.
In the case of glass, Griffith (49,50) showed that the 
presence of small cracks was responsible for brittle behaviour.
The cracks locally raised the stress acting on the material.
Griffith showed the brittle fracture occurred when
where a = stress applied to material 
E = Youngs Modulus 
c = one half the crack length
Y = Energy required to create unit area of new 
surface by crack growth.
If crack sizes for brittle failure in iron are calculated,
it is found that these are ^0.3 ym (3,000 A). Atomic sharp 
cracks of this size are not always present in iron and it is
2.1. (1)
o
concluded that a small amount of plastic deformation occurs 
before brittle failure to create cracks. Plastic deformation 
also occurs during crack propagation. The Griffith relationship 
can then be modified to allow for this as follows (58)
A variety of dislocation mechanisms have been suggested to 
produce cracks including twin intersections (45). However 
Cottrell (40) and Petch (52) have both concluded that crack 
propagation rather than crack nucleation is the most important 
and difficult step in brittle fracture, otherwise the known 
effect of grain size, state of stress and temperature cannot 
be accounted for. On this basis grain boundaries act as barriers 
to crack propagation and thus finer grain sizes lead to a 
lowering of the DBTT (40,52). Petch (52) showed both
experimentally and theoretically that in the case of mild steel
o _ ithe DBTT, TcC varied linearly with lnd 2, where d is half the
grain size diameter, figure 13.
In conclusion the rise in yield stress of iron at low 
temperatures is the basic cause of low-temperature brittleness.
An increase in the yield stress has two effects; first the 
microcracks which are nucleated by slip or twinning are more 
likely to propagate and secondly the cracks are less likely to 
be blunted at their tip since plastic deformation at the crack 
tip will be reduced by decrease in temperature.
a > 2.1. (2)
where p = radius of curvature of crack root
a = Interatomic spacing across fracture plane
Brittle Fracture by Cleavage
In ferrite brittle cleavage occurs on {001} planes (53). This 
plane also satisfies the criterion of possessing the direction of 
minimum surface energy (54). It is also the cleavage plane in 
Cottrell’s mechanism for crack nucleation (40).
When the ferrite microstructure takes the form of an acicular 
structure such as bainite or lath martensite, H Ohtani et al (55) 
have shown that the cleavage facet size corresponds to the 
packet size. Moreover they obtained a linear relationship between
_ ithe DBTT and log dQ 2, where dc is the cleavage facet size.
Similarly as remarked earlier, Roberts (7) reported a linear 
relationship between DBTT and log d in lath martensite figure 11. 
All these results are in agreement with Petch’s theoretical 
equation for the effect of grain size on'DBTT (52).
Brittle Fracture by Inter-granular failure
If segregation occurs at grain boundaries, then generally 
brittle fracture occurs along these boundaries rather than by 
trans-granular cleavage. This is because the surface energy 
term y in the modified Griffith equation is reduced. For 
cleavage fracture>y is equal to 2ys , where yg is the energy 
per unit area of the cleavage surface. For intergranular fracture
Y = (2ys - yb ) 2.1.(3)
where yb is the grain boundary energy per unit area since the 
energy of the two new surfaces is partly reduced by the energy 
of the grain boundary along which fracture is taking, place.
When an impurity segregates to the boundary, due to Gibb’s 
adsorption, it reduces y^, thus contributing to an increase.in y 
Since most grain boundary active impurities are surface active 
they also decrease y . The degree of this influence determines 
the embrittling influence of an impurity. But, in general, 
extremely large reductions in (2yg - yb ) have been reported (56) 
especially in Cu-Bi system where Bi has been found to be an 
effective embrittler of Cu. Another good example of 
embrittlement due to segregation is that due to small concen­
trations of P in iron (57).
Intergranular fracture may also occur due to the presence 
of a brittle phase at grain boundaries. An example is the pre­
cipitation of AIN at grain boundaries in certain steels under 
certain heat treatment conditions (58). This particular 
example is discussed in further detail in section 2.2.6.
Ductile Fracture through initiation and propagation of ductile 
cracks
Ductile failure by deformation implies a fracture process 
which takes place after substantial deformation but sometimes 
brittle fracture can also be preceded by a marked degree of 
plastic deformation commonly known as delayed cleavage fracture. 
Ductile fracture is generally exhibited by a necking during 
tensile testing when a cup-and-cone fracture eventually occurs. 
The main difference between ductile and brittle fracture, which 
is of profound practical significance, is that the propagation o 
a ductile crack involves substantial plastic flow, whereas in a 
brittle crack the fracture proceeds with a minimum of further
plastic deformation. With cleavage the fracture energy is 
heeded mainly to overcome the cohesive forces between atoms on 
each side of the crack path, whereas in ductile fracture this 
contribution is greatly outweighed by that needed for plastic 
deformation associated with the crack process. Tipper (59) 
reported that in the early stages of necking only the effects of 
deformation by slip could be seen but at a later stage small 
pores were found which gradually multiplied and eventually nuclea­
ted a crack by joining together. Ludwik (60) observed that the 
pores mainly originated at small inclusions on particles of a 
second phase. Puttick (61) as a result of a study of the nuclea- 
tion of pores in iron and copper, has concluded that the pores 
are created by the metal flowing away from the interfaces of 
small inclusions not wetted by the matrix.
The link between inclusions and the initiation of ductile 
fracture is thus now well established and explains very adequately 
the increase in reduction in area as the purity of a metal is 
raised. Ideally, a pure metal free of inclusions should thus 
exhibit 100 pet reduction in area in the necked zone, but there 
is some evidence to support the view that ductile cracks can 
initiate also in the absence of inclusions (62). In these 
circumstances, crack nuclei would be expected to form by 
dislocation coalescence as in the nucleation of brittle cracks, 
but the subsequent propagation would be different. The propagation 
of the ductile crack occurs by the joining up of -pores and the 
resulting coalescence has been called a process of internal 
necking which is a description of the breaking of bridges .between 
adjacent cavities elongated in the tensile direction.
2.1.6 Intergranular Brittleness in Fe-Mn alloys
The mechanical properties of iron-manganese alloys have been 
a matter of considerable interest ever since Walter et al (30) 
showed that a strength of approx 770 N/mm2 could be obtained 
but with low toughness in Fe-10.0% Mn alloys. He also showed 
that on tempering an improvement in toughness could be expected 
with a decline in strength. Rees and Hopkin (31) experienced 
brittleness in Fe-5.0% Mn martensite alloys on examination of 
tensile and impact properties. As their Fe-Ni alloys exhibited 
similar characteristics of brittleness with intergranular fractures, 
they concluded that some kind of grain boundary weakening through 
impurity segregation was responsible for the brittleness in 
their Fe-Mn and Fe-Ni alloys. Nicohenko (37) observed 
brittleness in Fe-8.0% Mn on cold working but it was suggested 
that possibly this brittleness was due to transformations of 
retained epsilon martensite to a-martensite. Boniszewski (38) 
reported extreme brittleness in Fe-7.0% Mn compared with its 
counterpart Fe-9.0% Ni but he suggested simply that in Fe-Mn 
alloys twinned martensite formation was responsible for this 
brittleness whereas in Fe-9.01 Ni steel, lath martensite 
transformation was taking place. The presence of twinned 
martensite was also thought to be responsible for this brittle­
ness in Fe-Mn alloys by F G Wilson (39), while studying the 
replacement of nickel by manganese in maraeing steel at Swinden 
Laboratories. However recent studies (1) have not been able to 
show any evidence of twinned martensite in these Fe-Mn alloys.
Bolton et al (3) found that the low-carbon Fe-Mn alloys 
(4-101 Mn) in the lath-martensite condition were brittle in the 
as-quenched condition due to a weakness at prior-austenite 
grain boundaries which became even more marked when the alloys
were tempered between 250-400°C. It was suggested that the 
segregation of the harmful impurities might have occurred during 
austenitization and led to a potential weakening of grain 
boundaries in the subsequently quenched martensitic alloys. When 
the alloys were tempered within the range 2 50°C to 400°C, 
interstitial elements would distribute themselves at grain 
boundaries either as precipitates or solute atmosphere and cause 
embrittlement by aggravating the effects of the already segregated 
impurities. On tempering at 600°C it was suggested that the 
impurities were thermally dispersed from the grain boundary sites 
and the alloy no longer embrittled unless the impurities were 
allowed to re-segregate back to the grain boundaries by either 
slow cooling, or aging, within the range 250°C to 500°C.
It was also found that this brittlness observed in Fe-Mn 
alloys was neither due to changes in friction stress a- or un­
locking parameter ky in Cottrell equation (40)
(a^d2 + ky)Ky = gyy 2.1.(4)
where = the frictional resistance to dislocation movement
y = the shear modulus
_ iKy = the slope of d 2 versus flow stress curve of the 
Petch relationship 
d = one half the grain size
3 = a constant which varies from 1.0 to 0.3 and represents
the level of stress concentration related to test 
piece geometry 
y = the surface energy for fracture.
The main cause of brittleness was suggested to be a classical 
temper brittleness. More recent research (4,19) determined the
transformations and mechanical properties in Fe-Mn alloys and 
confirmed the previous observations that similar strength levels 
to those in Fe-Ni alloys could be obtained but attainment of 
toughness would be a problem. In this work, it was found that 
fracture mode in Fe-10.0! Mn alloys depended on heat' treatment 
and testing temperature. Completely intergranular fractures were 
obtained in the normalized condition, but even on water- 
quenching the fracture mode was still intergranular. A change 
in carbon content from (0-0.2%C) did not make any difference in 
the fracture mode. No precipitates and particles were found 
on smooth inter-granular grain boundaries. All these observa­
tions were found in agreement with the previous research (1,3).
In Freemans’ work (4) the fracture mode was still completely 
intergranular even after tempering at 500°C but above this 
temperature, ie between 520-620°C, the fracture mode was found 
to change from intergranular to intergranular microvoid coal­
escence (IMC) when impact tested at room temperature* at -196°C, 
the fracture mode was quasi-cleavage. These observations along 
with the published results of Bolton et al (3) led to the 
conclusion that Fe-Mn alloys exhibited the characteristics of 
temper embrittlement phenomenon ie:
(i) Rise in ductile-brittle transition temperature with 
intergranular fracture when heated in, or slowly cooled 
through 300-500°C.
(ii) Embrittled alloys can be de-embrittled by heating above 
the embrittlement range ie =600°C
'(iii) Re-embrittlement by holding or slowly cooling through 
through 250-500°C after being tempered at 600°C.
It was difficult to decide, however, from the available 
evidences which impurity was responsible for the embrittlement.
For Fe-Mn alloys containing trace impurities, Bolton 
speculated that the Mn/Si levels could possibly control the 
susceptibility to temper embrittlement (1,3). Further evidence 
which favoured silicon as being responsible was that \ pet 
addition of Mo failed to restrict the embrittlement and this had 
also been shown to occur with other steels (63,64) where 
silicon was responsible for embrittlement. The evidence favouring 
silicon was not conclusive however; phosphorus was also suggested 
as a possible source of embrittlement, since embrittlement even 
at concentrations as little as 0.001% P had been reported (65) 
when in combination with manganese. Bolton’s alloys contained
0.002% P to 0.005% P. It was thought that nitrogen (3) could also 
be responsible for increasing embrittlement, since Capus (63) 
showed that nitrogen seriously enhanced 350°C embrittlement. 
Moreover it had also been found that low-carbon Fe-Mn alloys 
which contained aluminium to scavenge the nitrogen were less 
brittle than straight Fe-Mn alloys (66).
Later, in another investigation carried out in the depart­
ment, on Fe-Ni-Mn alloys (67,68) similar loss in impact 
properties was experienced. The intergranular fracture surfaces 
were analysed using AES (69) Ni, Mn, P and N were detected on 
the brittle grain boundaries.
Thus, out of all this research work, it became obvious that 
possible impurities were P, N or Si although the exact inter­
action was not clear nor whether manganese would cause 
embrittlement on its own.
2 . 2 Grain-'Boundary' Embrittlement in Iron-base Alloys
In this section it is intended to examine the occurrence of 
brittle intergranular fracture in iron-base alloys in more 
detail. An attempt will be made to examine the solute- 
embrittlement in pure iron alloys in order to clarify exactly 
the role of interstitial and impurities in the embrittlement of 
iron and its alloys especially Fe-N and Fe-P alloys. Later, 
some specific conditions will be reviewed where grain-boundary 
embrittlement is enhanced by AIN, TiC precipitation on prior- 
austenite grain-boundaries.
2.2.1 Grain-Boundary Segregation
Mclean (70) developed a theory of interfacial segregation 
of solutes and demonstrated that the driving force for the 
segregation of solutes be inferred from a simple elastic model 
of a foreign atom in a matrix in such a way that its associated 
lattice strain energy would be reduced by concentration of the 
solutes at the structural defects, such as dislocations, grain 
boundaries and free surfaces. There are generally two types of 
grain boundary segregation:
1. Gibbs Equilibrium Segregation:
Where the segregation of solute atoms to the boundaries 
result in lowering of the free energy of the boundary and hence 
the energy of the system as a whole.
2. Non-equilibrium segregation:
Where the segregation occurs from the interaction of solute 
atoms with vacancies to boundaries which act as sinks.
Modern technique such as Auger electron spectroscopy makes 
it possible to distinguish between these two types of segregation 
and also between them and precipitation. By the use of inert ion 
sputtering to uniformly remove atomic layers from the specimen, 
a solute atom gradient can be determined for some distance from 
the boundary. Some typical sputtering.profiles are shown in 
fig. 14(a). With a precipitate, the Auger signal should remain 
fairly constant until it disappears suddenly, while equilibrium 
segregation should exhibit a gradient but only over a few atomic 
layers, whereas the non-equilibrium type of segregation should 
persist over much larger atomic distances.
In section 2.2.2 and 2.2.3 the grain-boundary embrittlement 
in iron-base alloys with elements like oxygen, sulphur, nitrogen 
and phosphorus will be reviewed. As the solute - embrittlement 
in iron-base alloys has been divided into two segregation types 
it now appears that actually these embrittling elements fall into 
two clear categories:-
1. Elements which form a true Gibbs mono-layer and embrittle 
at small concentration for example sulphur, phosphorus, 
oxygen, nitrogen etc.
2. Elements which form multi-layers at the boundary and in 
general require high concentrations for embrittlement for 
example tin, arsenic and antimony.
Actually the distinction between equilibrium and non­
equilibrium segregation is made on the basis of whether the 
amount of segregate satisfies the Gibbs adsorption isotherm for 
dilute solutions (71).
where r2 = Grain-boundary excess concentration o£ the second 
element due to segregation
^  = the change (decrease) in the grain-boundary energy 
with changes in thebulk concentration C of the 
second element.
Hondros and McClean (72) have reported that ^  = 1190 ergs/sq cm/ 
at pet for phosphorus segregation to grain boundaries in 5-iron 
at 1450°C. It has also been suggested that more precise deter­
mination of the amount of segregate can be made with a knowledge 
of the Activation Energy for adsorption of solutes at grain 
boundaries in iron.
Another expression detived by Cahn and Hilliard (73) also 
gives theoretically the upper limiting values of segregants. 
Accordingly for two-component systems like Fe-P etc
r, = -----------— -----  2.2.(2)z kT |_1 + ln(Ce/Cfl
where a = grain-boundary energy of pure iron at the temperature
TK under consideration.
C = limit of solid solubility in terms of atom fraction e '
k = Boltzmann constant
Cahn (73) and Hondros (74) suggested an assumed value of a and CQ 
for phosphorus as
a = 800 ergs per sq cm
C = 0.02 e
Hondros and McClean (72,74) have experimentally shown that ^  is 
inversely proportional to solubility. It was found that an element
like nickel which has a high solubility in iron, has a (-t?0
ergs/sq. era/at pct 
value of only 54*at gram-boundaries in y-Fe, whereas phosphorusergs/sq_ cn/at pct 
which has a low solubility in iron, has a ^  value of 575>under
the same conditions.
Hence the energy of the grain boundaries was suggested to 
be affected by the phosphorus alone. If nickel and chromium 
interact with phosphorus, they increase :the activity and diffusivity 
of P in iron, consequently increasing the theoretical upper limit for 
segregation to higher values.
The driving force for equilibrium segregation is a reduction- 
of free energy due to the diffusion of impurity atoms to•a 
surface where misfit, is more' easily accommodated-.
McLean (70).
For a given boundary segregation, it is possible to show (70) by a 
statistical thermodynamics argument that segregation is related 
to temperature by an expression of the form 
AC exp(^)
b - ” Ar, TZ7ZZZ 2.2.(3)1 + AC exp(E/RT) '
where C^ is the grain-boundary concentration, C the bulk 
concentration, T the absolute temperature, A is a constant and 
E is the excess lattice energy due to the presence of the impurity 
atoms. Alternatively E can also be regarded as the decrease in 
energy accompanying the transfer of an atom of solute from the 
lattice to a boundary site. For the case of P in b.c.c. iron E 
is estimated by Hondros (74) as 16000 cals/gm atom. The 
constant 'A1 is a factor which accounts for changes in vibrational 
energy within the boundary region due to segregation and is 
generally assumed to be unity. The value of E is given by 
(75,76)
Emax = 6'mJ2e2 =  Af ■ --V  2.2. (4)A
where y and fi are the shear modulus and atomic volume of solvent
and r^ and r^ are the atomic radii of solvent and solutes
respectively.
McLean (70) has also shown that the grain-boundary segregation 
of a solute as a function of time can be described by the following 
equation
^ ---- ^t2_ = l - exp {!-?---} erfc {H®I} 2.2. (5)
b co - bo ct2 2d2 d£d
where is the initial grain-boundary concentration (t = 0)
is the equilibrium grain-boundary concentration 
(t = aO
is the grain-boundary concentration at time t 
D is the diffusion coefficient
d is the grain-boundary thickness
a 2 is the ratio of /Cbo
2. 2. (5)
when (4Dt/a22d2) < 1fequation^reduces to
4 / D _  ^  2>2>(6)
b^ bo ct2 d
Further if C, >> C, ;boa bo
C. . -V c. /t 2.2. (7)bt /— j boVTT d.
Hondros (74) techniques of studying grain-bcundary 
segregation of solutes by measurement of surface and grain- 
boundary energies seems to be reasonable as the energies are 
affected quite substantially by segregation in a number of binary 
alloys as shown above.
The "Interfacial Activity" of a solute in a
particular solvent is defined as the decrease in interfacial 
energy per atomic per cent of bulk solute concentration in the 
limit of zero concentration. Hondros (77) attempted to correlate 
the interfacial activity in a wide range of systems with other 
physical parameters. He found a reasonable correlation between 
grain-boundary activity and maximum solubility, probably because . 
this parameter reflects all types of atomic mismatching and for 
various systems this correlation is shown in fig 15. Hondros and 
Seah (78) have also defined, by analogy with the Langmuir isotherm 
for surface adsorption, a more precise parameter, the grain- 
boundary enrichment factor, 3, with which to compare grain-boundary 
segregation in different systems
„ _ XB^XBo _ da/dC _ v 1B C XD RT K CBo e
where Xg = no of moles of solute/unit area of grain boundary 
XgQ= no of moles of solute/unit area of grain-boundary
required to form a close-packed sheet one atom thick 
C = bulk concentration 
C0 = limit of atomic solubility 
K = exp (E/RT)
For temperatures 'vlOOOK and E = 0-5 Kcal mole"^, K = 1 to 10. 
Hondros and Seah (78) reported the correlation between 3, the 
grain-boundary enrichment ratio and atomic solid solubility which 
is shown in fig 16 for a number of binary systems. The 
measurement of grain-boundary enrichment was determined by using 
two techniques* namely, Interfacial energy measurement and 
recently developed technique of Auger Electron Spectroscopy.
Recently Hondros (74) reported the grain-boundary segregation 
of fcrin in iron-tin alloys over a temperature range of 1000°C. In
order to control the segregation by the addition of a third 
element, the Fe-Sn-S system was also studied. Sulphur is 
surface active in iron indicating the possibility of a strong 
competition between sulphur and tin for grain-boundary sites.
It was found that the segregation behaviour had close analogies with 
gas adsorption on surfaces. The important point noticed was that 
sulphur segregation obeyed Langmuir-type (monolayer) behaviour 
whereas tin formed grain-boundary multilayers. It was suggested 
that sulphur and tin showed two segregation behaviour patterns; 
the sulphur category (akin to surface chemisorption) represent 
the behaviour of high surface activity elements like 0, N and 
P whereas tin category (akin to multilayer physisorption) 
represent the behaviour of other elements like As, Sb and Cu.
As already pointed out, the important outcome of this work was 
the prediction that the impurity elements segregating tendency 
was inversely proportional to the limit of solid solubility of 
that element. Since this work Seah and Lea (79) have measured 
grain-boundary and surface segregation tendency of Sn by AES 
in the temperature range of 500-850°C. They developed a 
thermodynamic theory to explain the variation of surface and 
grain-boundary enrichment with temperature by considering the 
interfacial and surface entropies of the segregants. They 
found good agreements with the experimental results.
2.2.2 Influence of Oxygen, Carbon and Sulphur on Intergranular 
Brittleness in Iron and its Alloys
It has now become well established fact that segregation of 
solutes have a great effect on the intergranular cohesive strength 
of iron. A number of metalloid elements like P, As, Sn and Sb 
have been found to affect this cohesive strength and result
in raising the ductile-brittle transition temperature and in some 
cases in lowering the upper shelf energy in the embrittled state; 
also with a change in brittle fracture mode from cleavage to 
smooth intergranular. The metalloid elements (P, As, Sn, Sb) 
were suggested long ago (80) as being responsible for grain- 
goundary embrittlement but have been confirmed recently with 
the advent of Auger Electron spectroscopy.
In the early stages, most of the research workers (81) 
focussed more attention towards the influence of carbon on 
cohesive strength of iron and found that carbon increased the 
cohesive strength of iron (81). The tentative model suggested 
was that carbide precipitation at the grain boundary caused 
an offsetting in the embrittling elements from the grain boundary 
(81). Another postulation (31) was that perhaps the effect of 
carbon might be on the intrinsic bonding in the material at the 
grain boundary along with the effect resulting from off-setting 
of the embrittling elements. Low and Feustal (81) also 
demonstrated that carbon caused an inherent interface 
strengthening effect (grain-boundary strengthening effect) and 
they approached this idea by studying carburization and 
recarburization experiments on a low-carbon rimmed steel. After 
this interesting work, MacMahon et al (83) found that the 
equilibration temperature from which iron was quenched had 
a profound effect on the grain-boundary strength of ferrovac iron, 
commercially vacuum melted from electrolytic iron containing 
- 50 ppm carbon and - 20 ppm oxygen. It was found that if 
the quenching temperature was lowered, the ductility of the 
iron at 77 K was increased and the tendency for intergranular 
fracture was decreased. The reasons suggested for this behaviour 
was that by decreasing the equilibration temperature (solution
treatment temperature), it enhanced the equilibrium segregation 
of carbon to grain boundaries. So it means that if the
temperature is high, there is less chance for carbon to segregate 
to grain-boundaries (possibly because of increased solubility) 
and strengthen them and thus the grain-boundaries will be 
weaker. It was not clear from this work whether carbon had an 
intrinsic effect, or if it had some sort of scavenging 
interaction with another segregated impurity; for example 
oxygen. Fast (84) in 1949, found that iron containing 0.0151 
oxygen had a transition temperature on impact about 50°C higher 
than that of a similar iron killed with zirconium, titanium or 
aluminium; the addition of 0.53% of Mn to an iron containing 
0.014% of oxygen was also found to lower the transition 
temperature of about 40°C compared with that of the killed-iron.
On the basis of impact tests at room temperature he concluded 
that more than about 0.002% of carbon could combat the effect 
of oxygen. Fast (84) associated the presence of oxygen with 
failure along grain boundaries and mentioned that oxygen 
reduced the cleavage strength, the reduction being localized at 
the grain boundaries.
Rees and Hopkins(51) demonstrated in 1952 that oxygen 
reduced the intergranular strength of iron. An alloy with 0.48%Mn 
was found to almost counteract the embrittling effect of oxygen 
(0.006%0). The minimum oxygen content for severe embrittlement 
was found to be 0.003%. At that time in 1952, the authors 
could not clearly understand the mechanism involved for this 
grain-boundary embrittlement by oxygen as there was no inter­
granular phase present. Oxide inclusions were noticed on 
increasing oxygen content beyond 0.007% but they were
randomly distributed. The addition of Mn was found to 
counteract very largely the embrittling effect of oxygen but some 
grain-boundary failure still remained. Rellick and McMahon (85) 
recently showed the influence of 0.05 pct aluminium and found 
that intergranular brittleness associated with high equilibration 
temperature reported by McMahon earlier (83) was suppressed 
considerably by the addition of 0.05 pct Al. when quenched from a 
high temperature. It was also found that further increase in low- 
temperature ductility could be achieved if the iron containing 
0.05 pct Al was slowly-cooled down to =560°C and then quenched. 
From this work, the important point to note was the interaction 
of Al with oxygen. By adding Al to the melt, it lowered the 
amount of dissolved oxygen to a very small amount and thus 
decreasing the intergranular brittleness.
It is interesting to see that the effect of these impurities 
and interstitials on the intergranular brittleness of iron has 
been the subject of research for 25 years. As indicated above, 
some impurities by reinforcing the cohesion of the grain 
boundaries favour transgranular fracture while others lead to 
fragile intergranular fracture. Oxygen has been regarded as 
having a considerable embrittling effect; but its specific role 
remained controversial till the current work by French Workers 
(86) who concluded that oxygen did not affect the intergranular 
brittleness (fig.17). They reported that there was a profound 
effect of carbon and sulphur on the intergranular brittleness of 
pure iron and demonstrated that the beneficial effect of carbon on 
the cohesion of the grain-boundaries was independent of the oxygen 
content (fig.18). Thus accordingly it was suggested that all 
the mechanisms established so far concerning the interaction
between oxygen and carbon at the grain boundaries were invalid.
They supported previous observations (87,88) that sulphur 
segregated to the grain boundaries and caused intergranular 
fragility very rapidly. It was suggested that all the previous 
studies on the influence of oxygen (84,89) were made on iron 
where the concentration of sulphur was already sufficient to 
cause embrittlement. The segregation of carbon and sulphur was 
also found to follow the segregation theory proposed by Hondros and 
Seah (78) that intergranular segregation of an element increases 
to a maximum when the solubility decreases with temperature to the 
solubility limit. Thus for an embrittling element like sulphur 
there will be a maximum boundary fragility and for a strengthening 
element like carbon, there will be a maximum boundary re­
inforcement when the alloy containing sulphur and carbon 
respectively are quenched from a temperature close to the 
solubility limit.
2.2.3 Influence of Nitrogen and Phosphorus on grain-boundary 
embrittlement of Iron-base alloys
Rees and Hopkins(89) demonstrated in 1954 that high-purity 
iron with 0.01%N exhibited grain-boundary weakness when cooled 
at normal rates from the austenitic region and found that 
severity in this intergranular brittleness could be increased 
by isothermal treatment in the approximate temperature range of 
(500-800°C). This intergranular embrittlement was associated 
with rise in the impact transition temperature and on tensile 
testing at -196°C, the brittle fracture stress decreased with 
increase in the degree of embrittlement. Unfortunately at that 
time in 1954, there was no direct tool like AES available to
determine the fracture surface chemistry. Thus Rees and Hopkin 
(89), on the basis of these isothermal studies, and the effect 
of cooling rate finally explained this type of intergranular brittle 
ness, as possibly being caused by segregation of nitrogen atoms 
to the grain-boundaries. Moreover, this intergranular brittleness 
was found very sensitive to'T1 - heat-treatment. It was found 
very interesting, but difficult to explain, that if the cooling rate 
was increased, the fracture mode changed predominantly to inter­
granular with high-impact transition, temperature. By reducing 
the cooling,ie by air cooling and furnace cooling, the inter­
granular brittleness was gradually decreased. The reasons 
suggested for this kind of observation was that on rapid cooling, 
the precipitation of F e ^ ^  was avoided or even eliminated with no 
clustering, of N atoms taking place. Thus free N atoms segre­
gated to the grain boundaries because of their high diffusion rates 
and weakened them resulting in enhancement of inter-granular 
brittleness along with rise in the impact transition temperature.
On slow cooling there was sufficient time for precipitation of 
^e16^2 t0 occur* Thus precipitation of ^ 2 6 ^ 2  t00^ place rather 
than segregation of nitrogen to grain boundaries resulting in 
brittle failure by cleavage and a lowering of the DBTT.
By studying the effects of isothermal treatments and the 
effects of cooling rate, it was found that precipitation mainly 
took place below 300°C. In figure 19, the toughest condition 
was found after furnace cooling down to room temperature but the 
intergranular brittleness was induced into these alloys by holding 
for various times at temperatures between 300-1000°C. From the 
shape of this curve shown in fig.19, the simplest explanation 
suggested was that maximum tendency for -nitrogen to diffuse to
the grain boundaries was between 600-700°C.
Above this temperature range, nitrogen atoms tended to 
diffuse away or boil off from grain- boundaries resulting in de­
embrittlement while below this temperature range diffusion 
was too sluggish to produce embrittlement in measurable times.
An alternative explanation of the lack of embrittlement at low
tempteratures was that precipitation of ^ © 2 6 ^  or clustering of 
Fe and N atoms occurred within the grains rather than diffusion 
of nitrogen to grain boundaries.
It was also found in this very interesting work that on 
prolonged heating at 200°C or 250°C after being furnace cooled to 
room-temperature Te26^2 ^ P e  precipitates disappeared with the 
formation of Fe^N type precipitates.
Following their work on Fe-N alloys, Hopkins and Tipler 
carried out similar studies on Fe-P alloys (57) the effect of iso­
thermal treatments at different temperatures on the brittle 
fracture stress is shown in figure 20. The curves have similar 
characteristics to that shown in figure 19 for Fe-N alloys.
From figure 20, it is evident that the temperature range over 
which extreme sensitivity to grain-boundary embrittlement occurs 
becomes wider as the P content is increased.
Hopkins and Tipler (57) also studied embrittlement in Fe-P-C
alloys. They found that rate of isothermal embrittlement was a 
lot less than in the binary Fe-P alloys ie carbon had a 
strengthening effect on grain-boundaries.
Direct evidence for the segregation of phosphorus to grain 
boundaries was obtained in 1958 by Inman and Tipler (90). The
emnrittlement of an Fe-0.09%P alloy was studied by bend tests.
They found ductile behaviour of the alloy at room- temperature, but 
it failed in a brittle intergranular manner at -78°C when furnace 
cooled from 1000°C. A short isothermal treatment at 700°C 
followed by a water quench produced a severe intergranular weakness 
at room temperature. Phosphorus segregation was detected at the 
embrittled grain boundaries by a radio-active technique.
More recently Stein et al (91) employed AES, a better tool for 
the analysis of fractured surfaces in Fe-P alloys than that used 
earlier by Inman and Tipler (90). They reported that phosphorus 
did segregate to the grain- boundaries in ferrite range but not in 
the austenitic range and the segregation did not conform to Gibb’s 
equilibrium segregation model. This later finding disagrees with 
that of Hondros (74).
Hondros (74) attempted to explain this intergranular fragility 
in Fe-P alloys in terms of adsorption of phosphorus to the grain 
boundaries and consequently lowering of the fracture surface 
energy. The segregation of solute to interfaces by the application 
of Gibb's theory, namely the reduction of interfacial free 
energies have been dealt in detail in section 2.3.1 but here.its 
applicability in Fe-P system would be briefly reviewed following 
the measurement of interfacial energies of grain-boundaries by 
Hondros (74).
A marked drop in interfacial energy occurred with the 
addition of P to pure- iron (74) eg sFe at 1450°C, grain-boundary 
surface energy dropped from =800 ergs/cm2 for pure iron to 
=500 ergs/cm2 for iron containing 0.15P. As this work referred to 
segregation characteristics at high temperatures, almost near to
the melting point of the metal, the values had to be corrected 
to the observed embrittlement temperature range of 600°C to 
1000°C (74). The grain-boundary concentration at different 
temperatures was determined using equation 2.2(3), section 2.3.1.
n _ AC exp (E/RT)1 •e • b 1 + AC exp (E/RT)
A was taken as unity. E was estimated to be 16000 tals/gm-atom 
from the grain-boundary adsorption isotherm. The results are shown 
in figure 21. This curve shows that the grain-boundary concen­
tration of solute increases with decrease in temperature and 
the extent of segregation is less in the y-phase. From these 
predictions the concentration of solute at grain boundaries in 
the embrittlement temperature range of 600-1000°C can be 
estimated (57,90). At 800°C this treatment predicts about 
0.7 of a monolayer of phosphorus at the grain boundaries. This 
work of Hondros (74) gives qualitative support to the view that 
the intergranular weakness of Fe-P alloys may be attributed to 
the presence of nearly a monolayer of solute at the grain 
boundaries. The detailed mechanism of the weakening action is 
however still not clear but at least it can be said that the 
presence of nearly a monolayer of phosphorus will create 
potential intergranular fracture path with reduced energy 
requirements as explained in section 2.1.5.
Recently in another investigation (91) the grain-boundary 
embrittlement of pure iron due to P, Sb and S has been studied 
using fracture appearance transition temperature (FATT°C) 
measurement and Auger Electron emission spectroscopy to analyse the 
fractured surfaces. These studies actually confirmed that the
embrittlement occurring in these alloys was different from the 
reversible temper embrittlement which is generally 
associated with low-alloy steels. The embrittlement associated 
with these binary and ternary alloys of Fe-P, Fe-P-S and 
Fe-Sb-S was found to be irreversible and the segregation of 
impurities occurred at all temperatures in ferrite and did not 
follow Gibb's adsorption mechanism. It is thought that possibly 
some type of phase, type of grain boundary (austenite-ferrite or 
ferrite-ferrite) or the vacancy solute interaction near the 
boundary in a-phase may be responsible for this non-equilibrium 
segregation.
2.2.4 Inter-relation of Grain-Boundary Embrittlement in Fe-N, 
Fe-P, Fe-P-C alloys with Temper brittleness and 
"350°C embrittlement"
Comparing the sensitivities of embrittlement by isothermal 
treatment, the embrittlement in Fe-P alloys, as measured by the 
brittle-fracture stress at -196°C was more severe than that of 
Fe-P-C alloys. (57) It was found that the degree of embrittlement 
in Fe-P-C alloys (57) could be of the same order as that found in 
the phenomenon of temper-brittleness in low-alloy steels, as 
measured by the rise in the impact transition temperature. The 
time required to develop the brittleness in Fe-N and Fe-P alloys 
was ^ minutes whereas that in Fe-P-C alloys it was ^ hours.
Thus the addition of carbon was found to reduce the severity and 
the rate of development of intergranular brittleness in Fe-P 
alloys and thus making the situation comparable with temper 
brittleness in commercial steel. On the basis of similarities 
between intergranular brittleness in Fe-N, Fe-P, Fe-P-C alloys 
and temper-brittleness in low-alloys steel, they can be briefly
compared as follows:
Intergranular Brittleness in Fe-N, Fe-P and Fe-P-C alloys
Temper Brittleness in Steels
(1) The brittle fractures are (1) The brittle fractures are
partly intergranular and in also partly or in some cases
some cases completely inter­ completely intergranular as a
granular as a result of result of reduction of the
reduction of the grain- grain-boundary strength below
boundary strength below the cleavage strength through
cleavage strength possibly segregation of solutes P, As,
through segregation of Sn, Sb. (92,93)
N, P, etc. (89,57,90).
(2) The maximum embrittle­ (2) Similarly in steels, the
ment was obtained by maximum embrittlement occurred
heating in a certain over a certain temperature
temperature range and it was range. The degree of embrittle­
less above and below that ment became less at tempera­
temperature range. (89,57) tures above this range but for 
lower temperatures, the 
embrittlement occurred after 
a long time. (94).
(3) The embrittlement in (3) The embrittlement in
Fe-P, Fe-N alloys occurred steels reported (94) was less
very rapidly and the rapid and the temperature of
temperature of maximum maximum embrittlement was lower
embrittlement was higher than that in Fe-P and Fe-N
than that in steels. (90) alloys. The embrittlement 
kinetics was comparable to that 
in Fe-P-C alloys.
(4) There occurs severe (4) The embrittlement is less
embrittlement in Fe-P and severe than that in Fe-P, Fe-N
Fe-N alloys under same alloys. The embrittlement has
conditions of heat treatment similar characteristics to that
but the addition of carbon in Fe-P -C alloys.
to Fe-P alloys leads to
comparable situations with
steel.
On the basis of comparison outlined above, it was suggested 
by Hopkinsand Tipler (57) that temper-brittleness in steels 
could be a mild form of the intergranular brittleness in Fe-P 
and Fe-N alloys.
The influence of nitrogen in a 3%Ni-Cr steel has been 
reported by Capus (63); room temperature impact properties of a 
high purity steel and of one containing 0.02% nitrogen are shown 
in figure 22. Nitrogen appears to have a severely embrittling 
effect, particularly when tempering temperatures between 200°C 
and 350°C are used (ie the tempering temperature causing 
embrittlement is lower than the range required to induce embrittle­
ment in steels containing other impurity elements). The 
conclusion of Schrader, Wiester and Siepmann, that the presence 
of nitrogen in steels could result in "350°C embrittlement” was 
thus confirmed by Capus (63). It is clear, however, that 
nitrogen is only one of several elements which are liable to have 
this effect.
In steels containing nitrogen the fractures were predominantly 
intergranular after tempering in the embrittling range, whereas
steels containing other trace elements showed little evidence 
of this type of fracture. The fact that commercial steels also 
show intergranular fracture when embrittled by tempering in that 
region supports the conclusion that nitrogen is an important 
factor in relation to M350°C embrittlement” .
A clearer comparison of the relative influence of the 
respective trace elements on impact values at various strength 
level is given by the room temperature impact value/hardness curves 
in figure 23 relating to quenched and tempered high-purity steels 
and some steels of similar base composition but containing 
embrittling elements(N, P, Sb, As).
These results suggest that the impact properties of hardened 
and tempered commercial low-alloy steels are controlled to a 
large extent by the presence of impurity elements. The presence 
of phosphorus and nitrogen is certainly significant in relation 
to the occurrence of ”350°C embrittlement” whilst other impurity 
elements, for which the steels are not usually analysed, may 
also contribute to embrittlement.
2.2.5 Segregation Predictions in Ternary Systems
It is thought (95) that if a ternary element is added
in the binary solution of an impurity in a metal, then the thesolubility of^impurity will be decreased and thus increasing the 
segregation of that impurity to the grain-boundaries. Indeed 
McMahon and his co-workers (118) (97) have demonstrated that 
this is the case for Fe-Ni-Sb, Fe-Ni-Sn and Fe-Cr-Sn. Seah 
and Hondros (78) found that if there exist a strong chemical 
attractive interaction between the substrate and the absorbed
atoms, then the adsorption on the surface will be increased.
Guttmann (98) found in ternary solutions that if there existed
a strong attraction between solutes then the chemical interaction
between solute atom could greatly enhance the segregation of
both solutes. He found in temper-embrittled steels that if
transition elements *Mf (Ni, Cr, Mn, etc) and impurities ’I’ (Sb,
with each other 
P, As, Sn, etc) have a strong attractive interaction^with
respect to iron, they would enhance the segregation compared to
the binary system of Fe + I (91) and Fe + M (72). Guttmann (95)
presented the theoretical treatment of the above mentioned idea
in terms of a ternary segregation equation based on equilibrium
segregation thermodynamics. He used explicitly the chemical
interactions between Fe, I and M in the.expressions of the
chemical potential, assuming for simplicity the hypothesis that
the ternary solution is regular. He defined the relative
chemical interaction energy between solute atoms I and M
with respect to the solvent Fe as
“MI = aMI ■ “Fel ' “FeM 2.2.5(1)
The coefficients a are obtained from the enthalpy of 
Mmixing AH^y7 of a solution of elements, X, Y, Z with concentra­
tions x, y, z.
AH^ *yz = axyxy + ayzyz + azxzx 2.2. 5 (2)
An average value of consistent with segregation
measurement of I in temper-brittle steels (99) was found to be 
of the order of 10,000-30,000 cal/g-atom and specifically 
- 19,000 cal/g-atom in the Mn-Sb steels (98). This value was 
found to be in agreement with the rough estimate of the a^y 
deduced from the available enthalpies of mixing of various XY 
c ompounds.
Guttmann actually tried to emphasize the link between 
limited solubility and segregation potency in ternary systems.
It was felt as both these phenomenon express the tendency of the 
solid solution to reject the impurity first as a segregate than 
as a precipitate, so they should have some parameter in common 
and this parameter Guttmann identified as the interaction
coefficient, a.,T.9 MI
In the absence of thermodynamic data to evaluate an idea 
of the strength of the interaction between the elements M and I 
can be obtained from the heat of formation of compounds based 
on the elements M and I.
It is interesting to see that various recent experimental 
work has supported Guttmann!s theory. Clayton and Knott (100) 
showed that Guttmann’s segregation equations fitted their 
segregation measurement of Ni and Sb as did the data of 
Mulford (101) for Ni and P. Even in systems where a behaviour 
typical of temper -embrittlement had not been suspected, this 
type of ternary segregation was found to occur. In a high- 
purity ternary alloy Fe + 2!Mn + 1200ppm Sb, a strong 
segregation of N was detected (95) besides that of Sb and Mn, 
although the N content was < 10 ppm. This work by Guttmann 
clearly explained a strong Mn-N interaction when - 39000
Cal/g-atom, compared to ctpeX  ^ 1500 dal/g-atom which yielded 
<$MnN ~ 37500 dal/g-atom. In the presence of Si and/or A1 
nitrogen did not embrittle the steels because of very high 
interaction between aluminium, silicon and nitrogen 
(agiN ~ 100,000 cal/g-atom, - 150,000 cal/g-atom) . On this
basis it was suggested that A1 addition was beneficial in 
eliminating brittleness associated with nitrogen.
Another interesting situation was found in rotor steel (95) 
where a strong segregation of Cu was observed besides that of 
P, Sn, Ni, Cr and Mo. Generally, Cu was not expected to 
segregate in Fe because of its relatively high solubility, but 
in the presence of strongly segregated P, it did segregate 
since «Qup - 45000 cal/g-atom.
2.2.6 Grain-Boundary Embrittlement due to the Precipitation of 
AIN, TiC,r(/etc.
Embrittlement due to the precipitation of AIN
In 1960, Woodfine and Quarrell (102) examined in detail 
the effect of ’A l ! and 'Nr on the occurrence of "intergranular” 
or "rock-candy" fracture after the work by Lorig and Elsea (164) 
who concluded that the precipitation of AIN on the primary 
austenite grain boundaries could be the major cause of 
intergranular fracture in carbon and low-alloy steel castings. 
Woodfine et al (102) also suggested that AIN could produce a 
form of intergranular fracture in cast steels. They also 
studied the effect of Ti and Zr additions with and without 
aluminium as the nitrides formed by Ti and Zr were more stable 
than AIN. It was found that intergranular fracture could be 
avoided in these steels by deoxidation with Ti or Zr or 
by using Ti in combination with A l . It was found that AIN 
could be taken into solution in austenite by heating in the 
range 1100-1250°C and on quenching integranular fracture could 
be eliminated,but if the steel castings were slowly cooled after 
solidification or held in the temperature range 800-1100°C, 
grain-boundary weakness would result with the precipitation of 
AIN at the austenite grain boundaries established by the
high-temperature heat treatment. Afterwards Wright and
Qu'arrell (58) once again confirmed that AIN could give rise
to a form of intergranular fracture in steel castings and in
Al-killed steels. It was found that this defect could be only
minimized by keeping the nitrogen content of the steel as
low as possible and by restricting the aluminium additions to
the very minimum required for complete deoxidation coupled with
a high-cooling rate after solidifcation. Another interesting
feature of this work was that AIN contents equivalent to about
0.0025oN gave rise to intergranular fracture in low-alloy steels
on slow cooling after solidification but with AIM contents
particlesequivalent to about 0.016%N,when . of AIN formed within the
melt with subsequent precipitation in the solid state occurring 
on these nuclei , prevented the development of inter­
granular -fracture.
Recently Fukagawa (103) clarified the characteristics and 
causes of austenite grain boundary embrittlement found in AIN 
bearing high-strength steels. In this work,AIN bearing mild steel 
and high strength steels were firstly hot rolled and heat 
treated in various conditions. After these heat treatments 
the AIN contents of specimens were determined chemically by the 
bromine-ester method, and then the morphology of AIN 
precipitates were studied in relation with the mechanical 
properties,especially the low-temperature notch toughness. Two 
distinctive peaks were found for the precipitation of AIN from 
solid solution upon cooling; one at 1200-1050°C in the y-region 
and the other at 750-650°C in the a-iron region, figure 25(a).
Upon reheating however, there was found only one broad peak 
at temperatures between 650 and 1100°C shown in figure 2 5(b).
It was also found that if the AIN was allowed to precipitate in 
the austenite, then steels became sc embrittled that the 
ductility could not be recovered by any subsequent heat treatment 
on hot working. Electron microscopy revealed thin, rectangular 
plate of AIN precipitated along the austenite grain boundaries. 
Therefore it was finally suggested that for the manufacture of 
such AlN-bearing or Nb-bearing steel, the production procedures 
should be designed to impede the precipitation of nitrides or
in tk-t.carbonitrides while the steels are/austenitic condition . 
during cooling
Embrittlement due to the precipitation of Ti(C,N)
The occurrence of intergranular embrittlement in maraging ste 
due to the precipitation of TiC during slow cooling and/or 
intermediate annealing in the austenite temperature range has 
been the subject of a few recent investigations. Spaeder (104) 
reported in 1970 that if maraging steels were improperly heat- 
treated ie if subjected to too high solution annealing 
temperature followed by slow- cooling or an intermediate annealing 
treatment in the austenitic temperature range, the grain boundary 
embrittlement would result due to the precipitation of TiC and 
this phenomenon was termed "Thermal Embrittlement". The various 
mechanisms proposed were all concerned with grain-boundary 
segregation and/or precipitation of alloy carbides or nitrides. 
Kalish and Rack (105) established the temperature range of this 
thermal embrittlement and attributed the major loss of toughness 
to the diffusion of interstitial impurity atoms as carbon and 
nitrogen to the austenite grain boundaries during cooling or 
intermediate isothermal annealing below 1100°C. This discrete 
precipitation of Ti(CN) at the boundaries was initially
believed to play a role only in the advanced stage of the 
embrittlement but later on, Johnson and Stein (106) examined 
the cause of this thermal embrittlement by employing Auger 
Electron Spectroscopy and showed that the embrittlement was 
directly correlated with segregation of Ti and C to the prior- 
austenite grain-boundaries. They proposed that embrittlement 
was due to a subsequent reaction of Ti and carbon to form 
carbides at the boundaries. It appears from this work that 
the thermal embrittlement in maraging steels require the 
presence of Ti and C(N) at the prior-austenite grain-boundaries 
The mechanism suggested by Thomas (107) is that a too high 
solution treatment of maraging steel leaves Ti and C in solid 
solution in sufficient amounts to cause the precipitation of 
TiC during subsequent slow cooling and or intermediate
ph.o<se.
annealing treatment in the austenitic/region..
2.3 Temper- Brittleness in Iron-base Alloys
1 2.3.1 History of the Problem
In 1917 it was found (108) that the notch-toughness 
properties of quenched and tempered low-alloy steels were 
severely affected if after tempering at 600°C, the steels were 
either slowly cooled or reheated in the temperature range of 
350-550°C. Problems were encountered in assessing the degree 
of brittleness in embrittled steels. Considerable attempts 
were made to understand the nature of the embrittlement 
problem and how different measures could be adopted to combat 
it. Initially many confusing theories were developed to under­
stand the brittleness exhibited by such steels until in 1919,
Greaves (109) indicated some of- the characteristics observed at 
that time.
Steels of more or less similar composition might show 
variation in degree of brittleness when subjected to the 
same conditions of heat treatment.
Notch-toughness decreased as the austenitising 
temperature was increased.
Reheating in the temperature region of around 500°C caused 
embrittlement irrespective of the subsequent cooling rate. 
An initially tough steel could be embrittled if slowly 
cooled or reheated in the critical temperature range.
On the other hand an embrittled steel could be made- tough 
by reheating above 600°C and rapidly cooling. For this 
reason the embrittlement was named as reversible 
brittleness.
Later on during 1920-25, Greaves and Jones (110) 
demonstrated the effect of isothermal holding on degree of 
embrittlement at different temperatures especially in the 
critical temperature range. It was found that embrittlement could 
be increased with increasing time in the critical temperature 
range. The experiments were performed on Ni steels and it was 
shown that the presence of phosphorus, manganese and chromium 
enhanced the embrittling characteristics of the steel. This 
essentially showed an interaction of alloying elements with 
impurities. Molybdenum was found to be beneficial to some 
extent and was argued that molybdenum exerted merely a 
delaying action on the embrittlement process.
In early work the problem of deciding some measure of 
susceptibility to embrittlement was solved by taking into account
(i)
(ii)
(iii)
(iv)
the susceptibility ratio which was defined as the ratio of the 
fracture energies of quenched and slowly-cooled specimens.
Susceptibility Ratio = ^ a .cture,energy of quenched specimenFracture energy of slowly-cooled specimen
This method of comparing the susceptibility of steels to temper 
brittleness was found to be false when Jollivat and Vidal (111) 
introduced the concept of ductile-brittle transition 
temperature in the understanding of this type of brittleness 
in 1944. It was found that the ductile-brittle transition 
temperature could be shifted to higher temperatures if the 
degree of embrittlement was increased either by isothermal 
holding or slow- cooling in the critical temperature range.
By 1946, a clearer picture of the problem started emerging 
when Holloman (112) plotted the results of Greaves and Jones 
(110) to show the effect of isothermal holding at different 
temperatures on temper brittleness. It was found that 
embrittlement exhibited C-curve behaviour. The similarities 
of C-curve kinetics with other phase-transformations curves gave 
rise to theories that some sort of mechanism like precipitation 
from a-iron might be responsible for such brittleness and 
weakness at the prior-austenite grain boundaries. At 600°C 
ie above the embrittlement range, the precipitate might dissolve 
and cause de-embrittlement effect in steels; it was also specu 
lated that the rate of such precipitation was maximum at 500°C 
and possibly this precipitation might be through a diffusion 
controlled process. Different types of precipitates such as 
oxides, phosphides, carbides and nitrides were suggested to 
precipitate from a-iron during embrittlement treatment. The
possibility of nitrides was highly favoured by Holloman (112) and 
thought that perhaps the alloying elements act through changing the 
solubility of nitrogen in ferrite.
In 1950, Jaffe and Buffum (113) confirmed the original 
C-curve behaviour of temper-embrittlement process and it was 
suggested that the composition of the steel was the predominant 
factor affecting'the rate of embrittlement and the maximum 
temperature at which embrittlement occurred. Other research 
workers supported this idea by studying isothermal embrittlement 
and step-cooled embrittlement in the critical temperature range.
In his review (93) in 1953, Woodfine tried to give a more 
exact picture of the understanding of the problem of temper 
brittleness and showed how grain coarsening can be harmful in 
temper-brittleness. The response of different microstructures 
from pearlite to martensite was studied in enhancing the 
brittleness. Temper brittleness was found to be less in 
pearlite than in martensite in a Ni-Cr steel.
In 1959, Steven and Balajiva (80) finally showed that 
different types of impurities are responsible for this brittleness. 
The impurities such as P, As, Sn and Sb and to a lesser extent 
Mn and Si were suggested to be associated with temper brittleness. 
The embrittlement was found to be absent in their high-purity 
alloys based on Ni-Cr. An attempt was made to explain the role of 
carbon by studying impurity-doped plain-carbon steels. However, 
brittleness was not experienced in these steels even in the 
presence of impurities. This showed that another factor was 
required other than the presence of impurities to produce 
brittleness. This factor could be either carbides, major alloying 
elements or some phase itself.
Low et al (114) showed that the presence of major alloying 
elements like nickel, chromium, was essential along with the 
impurities (P, As, Sn, Sb) in order for the alloys to embrittle. 
The studies were made using autoradiography and electron 
microscopy to find any grain-boundary precipitation or 
segregation. But carbide morphology was found to remain 
unchanged before and after embrittlement. Carbon extraction 
replicas even failed to show any precipitation on grain-- 
boundaries.
There has been different proposals about the behaviour of 
alloying elements in temper-embrittled steels. Low et al (114) 
found that alloying elements are merely enhancers of impurities 
through affecting the diffusion kinetics of impurities. Capus 
(115) suggested a double segregation model and proposed that 
alloying elements segregate during austenitising to make sites 
of chemical attraction for impurities which segregate during the 
subsequent embrittling treatment. Alternative opinion was 
made byRestaino and McMahon (116) that pre-segregation of 
impurities might occur during austenitising as P, As, Sn, Sb are 
ferrite stabilizers and thus during austenitising treatment 
these impurities will segregate to y-boundaries. However, recent 
work involving the use of Auger Electron Spectroscopy (AES) 
and back-scattering of energetic ions (BEI) has not supported 
the suggestion of segregation during austenitising. Most of 
the research workers after using these analytical techniques 
agreed that segregation of impurities and alloying elements took 
place during the embrittling treatment. An exception is due to 
Shultz and McMahon (117) who detected the prior segregation 
of P in Ni-Cr-Mo steels.
More recently McMahon et al (118) demonstrated in Ni-Cr steel 
that Ni and Cr decrease the solubility of Sb and Sn in a-Fe at 
certain temperatures and thus increased the tendency of these 
solutes to segregate to grain boundaries at these temperatures.
The driving force resulting from misfit strains in the solvent 
lattice associated with these impurity elements (Sb and Sn) were 
also suggested to be an additive effect for segregation of Sb and 
Sn. This, work has at last given some qualitative explanation 
of the role of alloying elements in temper brittleness, which has 
been reinforced with Guttmann's theoretical analysis of segre­
gation in ternary alloys of iron (95) discussed previously in 
section 2.2.5.
In an early attempt by Woodfine et al (93) to emphasize the 
effect of microstructure on temper brittleness, Low et al (114) 
gave his interpretation that impurity segregation might affect the 
strength of carbide-ferrite interfaces and make such interfaces 
an easiest propagation path for brittle cracks. Guttmann and 
Krahe (119) in their explanation about the influence of micro­
structures classified the boundaries in the lath-martensite steels 
into two main categories. The boundaries of low-porosity ie the 
interlath boundaries and the boundaries of high-porosity ie prior- 
austenite grain boundaries and interpacket boundaries and they 
suggested that even though the segregation of impurities might 
occur to both a and y boundaries but y-boundaries are geometrically 
more favourable for the propagation of brittle cracks. The 
investigation by Viswanathan et al (120) showed the effect os 
long-time isothermal embrittling treatment in NiCrMoV steel and 
suggested that the temper- brittleness exhibited by such steels 
is affected by the strength level of steel, carbide morphology and
ferrite chemistry directly or indirectly through modifying the 
segregation of impurity and alloying elements. McMahon et al
(121) showed that intergranular brittleness in iron-carbon alloys 
by impurities could be obtained by the build-up of rejected impu­
rities from the precipitating carbides and thus affecting the 
strength of carbide-ferrite interfaces. Other research workers
(122) hav(e recently compared the behaviour of bainite and 
martensite and showed that at the same degree of embrittlement 
measured through a FATT, the amount of grain-boundary segregate 
and the extent of intergranular fracture was lower in tempered 
bainite than in martensite thus suggesting that embrittlement of 
interfaces other than prior-austenite grain boundaries are
an important factor in the embrittlement of bainitic structure. 
Moreover at the same strength level, the segregation in bainite 
was less than in martensite and it was found to increase with 
increasing strength level of a given structure.
In 1968, the Auger Electron Spectroscopy technique was 
developed by Harris (123) which made it possible to study the
nature of the surfaces with this technique, very thin surface
o .layers of the order of 5-10 A could be analysed. Thus the
understanding of the problem of temper embrittlement has been 
enhanced in the recent years with the advent of (AES) and it has 
been demonstrated that specific impurities are responsible for 
embrittlement. The behaviour of these impurities depend on the 
alloy content (124) of the steel and the embrittlement is due 
to reversible segregation of the impurities to prior-austenite 
grain boundaries.
In future work it is now necessary to study the effect of 
alloy content on the rate and degree of embrittlement in the
various classes of steels. This would not only give an under­
standing of the nature of interaction but may also result in 
optimisation of the composition of commercial alloy steels to 
avoid embrittlement.
In spite of this long history of the temper embrittlement 
problem and the large number of investigations there is still no 
theory which can explain all the characteristics exhibited by 
temper-brittleness phenomenon, probably because there are so 
many interactions involved in it. Secondly the Auger electron 
spectroscopy has only recently been developed which has made it 
possible to detect and identify the harmful impurities directly. 
Stein (124) and McMahon (117) have utilized this technique 
in the analysis of fracture surfaces and since then, a clearer 
picture of the phenomenon has started emerging.t
2.3.2 Characteristics of Temper Brittleness
Temper brittleness is generally found in low-alloy steels 
and results when the hardened steel after being tempered at 
600°C is either allowed to slowly cool or reheated in the temp­
erature range of 350-550°C. The characteristics of temper- 
brittleness phenomenon so far established are summarized as follows
(1) A rise in the ductile-brittle transition temperature is 
observed. Thus in most cases notch-bar impact test is 
employed to differentiate between embrittled and unembrittled 
steels (111). Low-temperature tensile test has been used 
where tensile-ductility as measured by reduction of area 
has been found to drop in severe embrittled cases (67)(120)
Embrittlement follows ”C" curve behaviour when plotted 
against time and temperature. Maximum embrittlement occurs 
in the region 450 to 550°C. At low-tempering temperatures 
0350) embrittlement only occurs after long holding times, 
while tempering above 550°C results in de-embrittlement of 
steel (113).
Embrittlement caused by certain specific impurity is 
dependent on particular alloying element. So in order to 
establish the degree of embrittlement it is always necessary 
to state alloy content as well as impurity level. .timony, 
phosphorus, tin and arsenic are the major embrittlers listed 
in order of severity. Manganese and Silicon have been 
reported to be active in larger amounts (80). Generally, 
embrittlement increases with increase in concentration of 
these impurities but it has been found to saturate with 
increasing concentration of P, Sn, As (80).
Temper brittleness is reversible.
Even severely embrittled steel after being tempered or slowly 
cooled in the embrittlement range (350-550°C) can be 
de-embrittled by tempering above the embrittlement range 
(,v600oC) . Brittleness can again be restored by tempering 
once again in the embrittlement range.
The degree and rate of embrittlement are greatly affected 
by the alloy content. Plain-carbon steels with Mn<0.5% are 
not susceptible (80). Susceptibility is enhanced greatly 
by chromium and manganese and less strongly by nickel (65) 
molybdenum and tungsten are inhibitors in small amount-sbut 
larger amount enhance the brittleness (126). A decrease
in carbon content has been reported to decrease but not 
prevent embrittlement (114).
(6) Embrittlement results in decohesion along the prior- 
austenite grain boundaries. Holloman (112), Low (114) inter­
preted that decohesion actually occurs in the ferritic 
boundaries which lie along surfaces of the prior-austenite 
grain boundaries.
(7) The phosphorus induced embrittlement in steels can be 
identified metallographically and result in grooving along 
the grain boundaries with certain etchants (114) (93).
(8) The rate of embrittlement during embrittling treatment has
been found to decrease if the embrittled steel is first 
de-embrittled ie held above the nose of the embrittlement 
C-curve but below the Ai temperature for a long time (12 7).
(9) Most of the steels when embrittled above the nose of the
C-curve go through a maximum of embrittlement with aging 
time.•
(10) The susceptibility to temper-brittleness as measured by the 
shift in transition temperature depends upon structure
and increases in the order pearlite, bainite and martensite (93)
(11) With all the other conditions the same, an increase in prior- 
-austenite grain size results in proportionate increase in
embrittlement (126).
(12) Plastic deformation can retard the development of embrittle­
ment (128). Russian workers have shown that plastic deform­
ation after embrittlement but before impact testing can
lower the transition temperature (129).
2.3.3 Measurement of Susceptibility to Temper -Brittleness
Since the hazards of temper brittleness were known, the 
methods of testing have been reported along with the understanding 
of the nature of the problem. The methods used in assessing 
embrittlement can be classified as follows.
Mechanical Methods:
Greaves and Jones in 1920 suggested that the ratio of frac­
ture energies between unembrittled and embrittled states could
be taken as a measure of degree of brittleness. However, the
ihe.long term work of Vidal showed that actually^impact 
transition curve was displaced on embrittlement; so the whole 
approach to the problem was changed and the rise in the ductile 
brittle transition temperature was taken as the measure of this 
intergranular brittleness. The common current practice is to 
determine the difference in impact transition temperature in 
the embrittled and non-embrittled condition.
In order that specimens undergo essentially the same 
tempering treatment, they are given the following heat treatment:
(a) Embrittled: Austenitised and quenched, tempered for a certain
time at a temperature above the embrittling range (eg lh 
c600°C) followed by a tempering treatment in the embrittling 
range or by slow, or by step cooling through the 
embrittlement range.
(b) Unembrittling treatment: Austenitised for some time as (a)
and quenched. Tempered in the embrittling range using
the same time and treatment as the embrittling treatment in
(a) followed by a de-embrittlement treatment using the same 
time and treatment as the temper above the embrittling range 
used in (a).
Woodfine (93) emphasized the importance of testing technique which 
makes the difference clear between 350°C embrittlement and temper 
brittleness.
The positive detection of segregation was observed by 
Plateau (130) after finding striations on the intergranular fracture 
surfaces. Low (114) indicated some sort of segregation through 
microhardness measurement. Some evidence.of segregation was also 
found by Arkharov (131) in P-doped embrittled steels using a 
chemical analysis of the fracture surfaces.
Recently it has been shown that tensile plastic flow 
properties of some steels are affected by embrittlement and the 
effect of embrittlement was found to be mainly on the plastic 
strains required to (120) cause fracture. In NCMV steels 
Viswanathan et al found reduction of area 50 pet below in 
embrittled condition than in unembrittled condition. Squires 
and Wilson (68) observed a sharp drop in the reduction of 
area to zero in severe cases of embrittlement, figure 27^ and 
enabled a time and temperature TC ’ curve to be determined for 
embrittlement in a Fe-Ni-Mn maraging type steel, figure 28.
Geniet and Knott (125) measured fracture stresses and tensile 
ductility at -196°C. Depending on the degree of embrittlement 
the fracture mode changed from ductile to intergranular 
as the embrittlement proceeded with a consequent decrease in 
the strain to fracture and true fracture stress.
2. Metallographic Methods
Different etchants have been used to differentiate between 
embrittled and tough steels. Cohen(160) tried ethereal picric acid 
solution containing zephiran chloride. This etchant worked well 
in those specimens where embrittlement was associated with 
phosphorus. Some other solutions based on picric acid showed 
similar results. These etchants produced a grooving effect on 
prior-austenite boundaries but no precipitates were ever found at 
the boundaries. In some cases ferrite boundaries were also 
attacked.
3. Auger Electron Emission Analysis
When high energy electrons or photons strike a solid 
matter (atoms), an electron in the inner shell is excited to a 
higher energy level or ejected making the whole atom unstable.
The electron shell is then filled with an electron from the 
higher energy level and thus returning the atoms to a stable 
condition. In this process of refilling, the difference in 
energy between the two shells involved, can be released through 
emission of photons such as the generation of characteristics X- 
radiation. Alternatively this energy can be imparted to another 
electron which is then ejected from the atom. The electrons, so 
ejected are called Auger electrons and occur at discrete energy 
levels characteristic of the emitting element. However, recent 
developments in the technique by Harris (123) in .which he takes 
the second derivative of number of electrons emitted versus energy 
d2N/dE2 have made Auger Electron Emission Analysis an attractive 
tool for studying segregation. Weber and Johnson (163) argued 
on a theoretical basis that dN(E)/dE(d2N/dE2 in figures) that is, 
the peak height of the Auger electron spectra is proportional to 
the atomic concentration of the element being analyzed. Since
they were able to support the calculation with experimental 
results on potassium (deposited on germanium), it appears that 
the assumption of linearity of peak height with concentration 
is justified. Thus the height of the dN(E)/dE peak for each elemen 
is a measure of the amount of the particular element.
Auger electrons can be created at considerable depth from
the surface depending on the energy of the primary bombarding
electrons. However, before these electrons leave the
material, most of them loose the discreteness of their energies
due to inelastic collisions. Only those Auger electrons emitted
ofrom near the surface (5-15A) retain their discreteness and 
significantly contribute to the observed Auger peaks. Thus this 
technique has been used in analysing extremely thin surface 
layers. After analysing the given surface layer, it can be 
removed by sputtering using Ar ion bombardment and the next layer 
can then be analysed.
Prenotched samples having dimensions similar to that shown in 
figure 14(b) are held in an evacuated chamber at a pressure of 
10~9 torr. The specimens are fractured with a hammer inside the 
evacuated chamber at a sub-zero temperature, dependant upon the 
brittleness range of the particular specimen. Thus freshly 
fractured uncontaminated surfaces can at once be analysed.
2.3.4 Theories of Temper Embrittlement
The well known phenomenon of temper brittleness found in 
low-alloy steels has now been established as a problem associated 
with certain impurity elements like P, As, Sn, Sb (80) and alloy­
ing elements like Ni and Cr, (114). The effect of silicon and
manganese has been reported to be enhancing (80). Even after 
such a long history of the problem some of the aspects of temper 
brittleness have yet to be described by an adequate theory.
Since the problem was known, a number of theories have 
been proposed at different stages on the basis of different 
characteristics exhibited by temper brittleness.
1. At first it was thought on the basis of high interfacial 
energy involved in the intergranular fracture than in 
cleavage fracture; that some sort of segregation is possible 
which might be accountable for this difference in interfacial 
energy.
2. Second mechanism was thought to be associated with 
development of hardening near the grain boundaries. This 
increase in hardening was associated with dislocation 
multiplication near the grain boundaries and result when any
substitutional solute segregate to grain boundary,
vacancies in turn, will move away from the grain boundaries 
and cause dislocation-vacancy interaction resulting in 
hardening. The embrittlement associated with sulphur was
interpreted by this mechanism (132).
3. Thirdly, the embrittlement was again explained as a result of 
hardening effect near grain boundaries through solid 
solution hardening effect of segregants at grain- boundaries 
like segregation of intermetallic compound in Ag-Mg type 
alloy.f{ Similar type of mechanisms might be operating in steels
4. Fourth theory regarding segregation was proposed by Hill 
and Martin (133). It is suggested that segregation of
impurity elements to grain boundary result in the develop­
ment of lath like carbides at the grain boundaries which 
favour fracture along the length rather than cracking across 
the width. The result will be an intergranular fracture with 
fracture path along carbide“ferrite interface. The net 
effect on brittleness is two-fold; one is the segregation of 
impurity elements to cause decohesion and another is the 
development of lath shaped carbides at the grain boundaries.
The above mentioned theories basically favour equilibrium
segregation models. Hondros, Low, Joshi and Stein attempted
to explain the varying degrees of embrittlement by different
elements through change in surface and grain boundary tensions
they can produce to a unit change in grain boundary composition as
discussed in section 2.2.1. .
*
The problem of temper brittleness was also analysed by Steven. 
and Balajiva (80) and Low et al (114). The following points 
were not explained by the equilibrium segregation model.
(a) Steven and Balajiva (80) demonstrated that plain carbon 
steels in the presence of impurities do not exhibit 
intergranular brittleness.
(b) Low et al (114) showed that certain major alloying elements 
should be present for the embrittlement to occur.
(c) Another observation is that there is no experimental evidence 
to explain the role of alloying elements in a quantitative 
way. Only recently Auger analysis has made it possible to 
analyse the surface layeis and thus the impurities and 
alloying elements present on the fracture surfaces .L--;
Low et al observed microhardness difference between grain 
interior and grain boundaries to indicate the local hardening effect. 
Transmission electron microscopy has failed to show any kind of 
precipitation at the grain boundaries. If one analyses the 
segregation model,it is apparent that some sort of driving force 
is available for the segregation of impurities and this might be 
the result of misfit strains produced by impurities in the solvent^ 
lattice. This misfit strain can be obviously associated with 
the atomic radii of the corresponding impurity elements. Except 
phospb _ the remaining impurities Sb, As, Sn have larger radii 
than the solvent atom of a-Fe resulting in considerable misfit 
strain.
Another possible factor affecting the segregation is the 
diffusion rate of impurities in the solvent lattice. As 
described in section 2.3.1 McMahon has recently illustrated the 
enhancing effect of Ni and Cr on embrittlement due to Sb and Sn.
It was found that Ni and Cr causes a decrease in solid solubility 
of Sb and Sn in a-Fe. McMahon further describes the driving force 
for segregation as arising from the misfit strain of the impurity 
in the solvent lattice.
In order to provide another driving force for the impurity 
element to segregate to grain boundaries, Capus suggested that 
double segregation involving segregation of alloying element 
during austenitization provided sites of chemical attraction 
for impurities to segregate during embrittling treatment-.
According to his proposal elements such as Ni, Cr, Mn, Mo seg­
regate to austenite grain boundaries during austenitizing 
treatment and favour the segregation of P, As, Sn, Sb during
embrittling treatment. This theory can to some extent explain 
the role played by alloying elements in embrittlement but this 
has yet to be put on a quantitative basis. Another deficiency in 
this model is that it doesnot discuss the role of ferrite 
boundaries.
But recent investigations by McMahon (101) Stein (91, 106) 
and co-workers (117) have shown with the help of AES that both 
alloying elements and impurities segregate during embrittling 
treatment and disagreed with Capus (115) suggestion of double 
segregation.
Another possible model which explains different manifestations 
of temper brittleness has been proposed (116). According to this model, 
during austenitization, embrittling elements segregate to 
austenite grain boundaries and get entrapped there after 
quenching. But when the steels are tempered at 600°C, coarser 
carbides are developed at the prior austenite grain boundaries and 
embrittling elements are boiled off and disperse away from the
carbides. On embrittling below 550°C after being tempered at
o flxc600 C, the embrittling elements diffuse back to/? austenite g r a m
boundaries.
Virtually, all the boundaries namely prior-austenite, carbide- 
ferrite and ferrite-ferrite boundaries receive a dose of 
embrittling elements but the effect is significant on carbide 
ferrite boundaries owing to the non^plastic nature of carbides.
On the other hand at lower temperature after being tempered at 
600°C, the embrittling elements cannot segregate because of low 
diffusion rate, thus inhibiting the brittleness. This model 
proposed by Restaino and McMahon (116) was tested on Fe-0.02C- 
600ppm Sb alloy and it explained very well the C-curve behaviour
of temper-brittleness.
In the proceeding discussion, it is important to note that not 
one theory has explained completely the role of alloying elements 
in embrittlement. Auger analysis has only identified the 
embrittling elements but the problem is to know the interaction 
of impurities P, As, Sn, Sb with alloying element like Cr, Ni, Mn 
etc in order to develop the exact understanding on speculations 
that alloying elements either enhance the segregation or modify 
the carbide morphology.
The work of McMahon’s group (96) on the effect of Ni and Cr 
on solubilities of impurities and Guttmann's theoretical 
work on segregation in ternary alloys appears to be a step in the 
right direction.
Recently Rellick and McMahon (121) proposed another mechanism 
regarding the embrittling effect of impurities (P, As, Sn, Sb) 
and the effect of carbide growth on impurities. It is suggested 
that during slow cooling through the embrittling region, 
precipitation of carbides takes place and during growth, the 
impurities are rejected ahead of the growing carbide and thus t/ie 
carbide-ferrite interface is the favourable path for the fracture. 
This model has been tested on Fe-0.04 pet C with different level 
of impurities (As, Sn, Sb). This model has been found to be 
correct for these impurites but has yet to be shown the case for 
phosphorus. ,
2.4 Methods of Improving low-temperature toughness in steels
2.4.1 Grain Refinement
It has been well established fact that grain size can be used 
to strengthen the material and is also an economical method of
improving toughness.
Hall and Petch (134) proposed the basic relationship between 
Strength and grain-size of any engineering material ie
cr = «i + d_iK
where
a = yield stress
a^ = Lattice friction stress
= a + cr o *
2d = Grain diameter
= Constant - a measure of the difficulty of 
spreading yielding from grain to grain
Refinement of the grain size also leads to an increase in 
toughness and decrease in DBTT. In the case of brittle failure 
by cleavage, grain boundaries act as barriers to propagation of 
brittle cracks and thus a finer grain size increases toughness. 
Where brittle failure occurs along grain-boundaries due to 
segregation of impurities, the amount of segregate/unit area of 
grain boundary is thought to be reduced as the grain size is 
refined.
2.4.2 Effect of heat treatment in the (a + y) phase region
Allen (135) found that in Fe-Ni alloys if heating be 
carried out in the two-phase (a + y) region of the iron-rich 
side, austenite is formed by the following diffusion controlled 
decomposition reaction
ct2 = a + y
where c*2 is the martensite,a is a low nickel BCC phase and y refers
to the nickel enriched FCC phase which has been called reverted 
austenite. This reverted nickel-enriched austenite will transform 
wholly or in part to martensite while cooling to room temperature 
depending if nickel enrichment corresponds to an Ms above room 
temperature. Thus aging temperature in the two phase region should 
be such that the reverted austenite should contain sufficient 
nickel to be stable at room temperature.
The rate of austenite reversion has been found to be affected 
by austenite grain size (136) and microsegregation if present.
Both the degree of microsegregation and grain size vary with the 
austenitising temperature. The rate of austenite reversion during 
ageing is also greatly accelerated by the presence of either 
retained austenite or nickel enricHecl regions in the martensite 
resulting from an incomplete austenitizing treatment (25). The 
91 yiickel cryogenic steels are generally used in quenched and 
tempered condition. During tempering, the austenite islands are 
formed and they serve the following purposes:
a. The austenite islands act as sinks for impurity atoms and 
causes a scavenging effect during tempering (22,34).
b. These austenite islands act as shock absorbers since FCC 
alloys have an excellent toughness even at low temperatures (27)
c f Grain refining of the ferrite matrix takes place by formation 
of finely-dispersed austenite islands during tempering 
(25,27,28).
d. Formation of austenite islands at prior austenite grain 
boundaries can also decrease temper embrittlement (23.)
It is necessary that these austenite islands should be made 
stable at -196°C by either appropriate alloying elements or by 
suitable heat treatment (23). These steels show inferior impact 
energy when tempered at temperatures lower than 500°C and higher 
than 600°C. This situation can be explained by normal temper- 
embrittlement below 500°C and by instability of austenite islands 
formed during tempering at high temperatures.
In order to make a more economical steel, than 9$Ni steel 
for low-temperature use, 6% liickel steel has been developed (28) 
with the following objectives in view:-
1. Refinement of the microstructure.
For this purpose an addition of Mn is preferred which lowers 
the transformation temperature and increases the hardenability
2. Increase in susceptibility to temper brittleness by manganese
is suppressed by the addition of molybdenum.
3. Molybdenum favours refinement of microstructure and to
some extent stabilizes the reverted austenite.
The resulting 61 nickel steels contain 6% Ni, 1.11 Mn,
0.2% Mo and 0.071 C (23,28).
In 9% nickel steel it is found that the impact energy decrease
as the tempering temperature rises above 550°C and is recovered
aabove 650 C. The reasons for this recovery is thatAfine 
martensite structure is formed from fine austenite grains formed 
just below the transformation temperature. When this fine 
martensite is tempered, a further refined structure is obtained 
by the formation of reverted austenite islands within this fine 
martensite. This treatment is therefore used in the development 
of 6% nickel steel for cryogenic applications.
Thus the addition of partial austenitization between 
conventional quenching and tempering remarkably improves the 
toughness after tempering. The microstructure obtained consists 
of fine ferrite matrix divided by many lath like martensite 
islands after partial austenitising. O n  tempering the fine
austenite islands appear within martensite islands. As a result 
of this the microstructure of the steel.consists of well tempered 
ferrite, tempered martensite containing fine reverted austenite 
islands. So this refined microstructure can obviously cause 
tremendous improvement in low temperature toughness of the alloy: 
because of the stability of this reverted austenite islands at 
cryogenic temperatures.
When a crack propagates, the stable austenite acts as 
a shock absorber and a resisting force acts against the 
propagation of brittle fracture through stress relaxation due to 
plastic deformation and partial transformation of austenite.
The benefits of this reversion heat treatment have been 
reported in Mn-Mo, Mn-Mo-V, Mn-Ni-Mo-Nb (137, 138) and 5-6% Ni 
steel (28). Wada (139) demonstrated the effect of partial austen- 
itizing treatment on martensitic and bainitic NCMV steels containing 
high phosphorus and high tin levels and found a remarkable reduc­
tion in temper embrittlement in both steels.
2.4.3 Effect of thermal-cycling treatment in the y and (a + y) 
phase region
This technique (140)(141) involves repetitative austenitising 
treatment, each of very short duration, at a temperature barely 
sufficient to austenitize. In this process the grain refining 
effect of austenite transformation and the tendency for each
ferrite grain to transform on rapid heating to a single austenite 
grain is utilized to develop ultrafine grains. The extent of grain- 
refinement and its effect on mechanical properties depends upon 
the number of cycles.
The grain size is not a well defined concept in martensitic 
structure where laths or plates of martensite form. It is thought 
that by decreasing the mean size of martensite plate the yield 
strength of the martensitic structure can be increased. In 
almost all the investigations prior-austenite grain size is 
refined which causes refinement in the packet and lath size.
In the past a number of techniques has been developed by Grange (142) 
Porter and Dabkowski (143) for refining prior austenite grain 
size in Fe-Ni alloys but the basic principle utilised in these 
techniques was to austenitize and then cool to room temperature. 
Miller (144) employed another technique for refining prior-austenite 
grain in Fe-Ni alloys and it consisted of severe cold work at 
room temperature followed by annealing in the (a + y) phase region 
and grain sizes ^lym were achieved.
The cyclic treatment consists of holding the alloy in the 
y-range just above the Af temperature followed by holding in the 
(a + y) phase region just below the As temperature. The 
austenitizing temperature should be low to minimize grain growth 
while the temperature in the (a + y) phase region should be high 
enough to maximize the rate of decomposition. In the first part 
of the cycle when austenite transforms to ferrite through shear 
transformation, the grain-refinement effect is presumably through 
relieving the internal strain built up during the shear 
transformation. During holding in the (a + y) phase region nuc- 
leation of reverted austenite takes place through diffusional and
growth process. The microstructure is divided up by the 
nucleation of this reverted austenite at the boundaries of the 
martensite plates or prior-austenite grain-boundaries and time 
of holding during each cycle influences the extent of grain- 
refinement and mechanical properties of the alloy.
3.0 EXPERIMENTAL PROCEDURE
3.1 Alloys Preparation
The alloys shown in Table 1 were prepared by vacuum melting.
A nominal composition of Fe-8.0% Mn alloy was chosen in order to
ensure a lath-martensitic structure on air-cooling essentially
)free of epsilon martensite and retained austenite.
Alloy K1525 was prepared at British Steel Corporate labor­
atories, Hoyle Street, Sheffield in 1970 as a 9 Kg melt using 
Japanese electrolytic iron and electrolytic manganese and 
subsequently hot-rolled to 76 x 16 mm plate.
Alloys 134 and 137 were prepared in the department to give 
two ingots of approximately 4 Kg each. These alloys were 
prepared from Glidden iron and electrolytic manganese. An 
addition of 0.1% Ti and 0.1% Al was made to alloy 137 in order 
to scavenge residual carbon, nitrogen and oxygen. Unfortunately 
on analysis it was found that alloy 134 and alloy 137 contained 
0.03% N. This contamination arose during the melting procedure. 
During vacuum melting it was found difficult to melt the iron 
due to poor coupling between the charge and the HF coil; by 
mistake the alloys were then prepared by air melting. However, 
it was decided to continue work on these alloys 134 and 137 until 
high purity alloys free of nitrogen become available.
Ingots of alloys 134 and 137 approximately of 55 x 55 x 150 mm 
were hot-rolled to 25 x 50 mm bar. In order to reduce banding in 
the material, these bars were coated in Berkatec after machining 
and soaked in an argon atmosphere for 50 hrs at 1100°C followed 
by oil • quenching. These bars were then subsequently hot rolled to
6.4 x 50 mm plate.
3.2 Heat- treatment
Alloy K1525 was austenitised for one hour at 1000°C in the 
form of 76 x 60 x 16 mm plate followed by water quenching -
Specimens of alloys 134 and 137 approximately 60 x 12 x 6.4mm 
were austentised for \ hour at 900°C followed by ice-brine 
quenching and air cooling. Tempering was carried out in neutral 
salt baths at 450°C. The heat treatment cycle designed for 
grain refinement is shown in figure 68 and V-notch Charpy 
specimens of K1525, and 137 were heat treated in salt baths at 
740°C and 655°C with intermittent air cooling to room temperature. 
Hounsefield tensile specimens of K1525,used to measure the drop in 
reduction of area as a function of aging time, were heat treated 
at 450°C be4fore and after thermal cycling treatment to study 
the kinetics of embrittlement. X-ray specimens were heat treated 
in the upper critical temperature range (450-650°C) in neutral 
salt baths to study the phase-transformations in alloys 134, 137 
and K1525.
3.3 Optical Metallographic Examination
Specimens in the heat treated condition were examined 
metallographically. It was found that mechanical polishing could 
be the simplest technique for metallographic study. Sometimes 
electropolishing was also carried out. The electrolyte used 
consisted of 10 pet percholoric acid in methanol.
Different etching techniques were tried. A single etch with 
2 pet nital was used and also a double etch using 2 pet nital to 
lightly etch the polished surface followed by immersion in an 
acqueous solution of sodium thiosulphate plus sodium meta­
bisulphite. This was a stain etchant and it developed a
blue-brown staining of the surface. This later etchant was 
developed by Schumann (29) and it was found satisfactory and 
independent of solution concentration. In practice, solutions 
of approx 35 pet concentrations were tried.
Another etchant consisting of one gram picric acid in 5 pet
HC1 in absolute alcohol was tried to reveal the pre-existing 
austenite grain boundaries. This etchant also worked reasonably 
if the quenched specimens were annealed at 230°C for 15 mins 
prior to etching.
Finally in alloy K1525, an attempt was made by heat
treating the specimen for one hour at 500°C after being solution
treated and etching in 2 pet nital for 10 secs. With this 
technique, the prior-austenite grain boundaries were successfully 
revealed and thus grain size, packet size were measured 
accurately.
Grain Size Measurements
Mean linear intercept method, often called the Heyn intercept 
method, was used to measure the grain size. It measures the 
chord length defined by the intersection of a random straight 
line by the grain boundaries in the plane section of the polish.
The mean linear intercept ,m. 1. i , is often given the symbol 
d, where:-
and L = length of the random line on the planar surface 
and n = No. of grains occupying this line.
For each microstructure about 200 intercepts were measured giving 
an accuracy ^10% in the grain size.
The grain size -v quoted is the mean true grain diameter 
D given by:-
D = 1. 75d
3.4 Hardness Measurements
Hardness measurements were made on a Vickers Hardness machine 
using a load of 30 kg. An average of ten impressions were made 
per treatment. The errors quoted are the 90% confidence 
limits.
For aging experiments at a particular temperature the same 
specimen was used, aged intermittently.
The variation of hardness with aging time for alloy K1525, was 
determined at 350°C, 400°C and 450°C to establish the kinetics 
of aging in this alloy. Changes in hardness of alloys 134 and 137 
were monitored during aging at 450°C up to aging times of 100 hours.
Hardness measurements were also taken of all the alloys in 
different heat-treated condition in relation with their ductile- 
brittle transition temperatures including thermally cycled alloys 
of K1525, and 137.
3.5 Tensile Testing
The reduction in area of tensile specimens was used as a 
measure of the ductility of the material. Modified Hounsefield 
tensile specimens with a diameter of 3.047 mm and gauge length 
of 10 mm were tested at a strain rate of 0.5 min"1 at -78°C in 
an Instron tensile testing machine. In alloy K1525, embrittlement 
kinetics was studied through tensile ductility tests after aging 
the tensile specimens over a temperature range of 300-600°C. In 
the same alloy, the cryogenic tensile properties were also
determined before and after thermal-cycling treatment.
3.6 Impact Toughness Testing
Ductile-brittle transition temperatures of the alloys were 
determined in various heat treated conditions using sub-standard 
Sharpy V notch specimens 5 x 10 x 55 mm.
Low-temperature tests were carried out using cardice and 
acetone (-78°C) and liquid nitrogen (-196°C).
Temperatures above room temperature were obtained with an oil 
bath and fluidised sand bath.
Thermocouples were spot welded to the specimen close to the 
V-notch and connected to a temperature recorder, and the 
temperature at the moment of fracture was noted within ±3°C in 
order to avoid any temperature drop due to time delay in 
transferring the test pieces from its temperature environment to 
the impact testing machine.
3.7 Dilatometric Analysis
To determine the austenite and martensite transformation 
temperatures of the alloys, dilatometric analysis was performed 
on specimens 3 mm diameter x 20 mm long machined from the as 
solution-treated Charpies. The tests were performed on a 
'Linseis'horizontal dilatometer. A simultaneous recording was 
made of the dilation and temperature on a 2 pen recorder.
In alloy K1525 the test was performed by first heating the specimen 
to 1000°C at the heating rate of 50°C/min and the austenite 
transformation temperatures noted during this heating up period. 
After soaking for approximately 10 minutes, the specimen was
allowed to cool at a cooling rate of 50°C/min and the martensite 
transformation points noted. Table 3 summarizes the As, Af, Ms, Mf 
temperatures of alloys K1525, 134 and 137. In the case of alloys 
134 and 137 the heating was done up to 900°C under the same 
heating and cooling conditions as those employed bn alloy K1525.
3.8 X-ray Diffraction Analysis
Previous work on Fe-Ni-Mn type maraging steel (67) and low 
carbon manganese steel (1,3) indicated that rapid embrittlement 
occurred on tempering these alloys at 450°C. It was 
therefore decided to temper quenched alloys at 450°C to examine if 
embrittlement could be induced at this temperature. However, in 
order to isolate the effect of tempering time at 450°C on impact 
properties, it was necessary to monitor changes in hardness and 
formation of reverted austenite which may by themselves affect 
impact properties.
X-ray examination using a Philips Diffractometer was there­
fore carried out on heat treated samples and on specimens 
subjected to grain-refinement through thermal-cycling treatment, 
to analyse fox' austenite and epsilon martensite. Copper radiation 
was chosen in order to separate the diffraction peaks at small 
differences in Bragg tingle., <±s chromium and cobalt radiations 
also give good dispersion of the lines, but low intensity, and 
molybdenum radiation gives a large number of intense lines, but 
poor dispersion. Thus copper radiation was a good compromise as 
the tube can be operated at high intensity and gives adequate 
dispersion of the diffraction lines. Using copper radiation there 
is of course a high level of fluorescent radiation from ferritic 
materials, but by carefully selecting the pass band of the
discriminator it is possible to reduce the level of fluorescent
radiation by approximately two orders of magnitude for a 20%
reduction in the intensity of the CuK . This small loss in' a
intensity is more than compensated for by the fact that the 
dispersion of the lines is sufficiently high for the (111)^ and
(110) reflections to be measured.a
Method for X-ray Analysis
The method for X-ray analysis was based on comparing the 
integrated intensities of reflection planes (hkl) of 
martensite and austenite phases.
The integrated intensity of a diffraction line was calculated 
jprorn the following equation as shown by Durnin and Ridal (161) .
X (hkl) = n2Vm (LP) e”2M (F’£)2
where = Integrated Intensity of (hkl) reflection
n = Number of cells in 1 cm3
V = Volume exposed to X-ray beam in c m3
LP = Lorentz-Polarization factor
m = Multiplicity of (hkl) planes
e-2M = Debye-Waller temperature factor
F = Structure factor
f = Atomic Scattering factor
For n 2V it is possible to substitute where v is the volume 
of the unit cell.
hhku = h m (LP3 e ' 2 M  (F-f)
If a and y are the two phases present, hence
where = Theoretical intensity for phase i at a particular 
reflection angle.
And V + V = 1a y
I /R v =  i yy I I_Jf ,R R y a
If a, y, e, three phases are present then for random orientation
I /RV = e ee l  I Ia y eR R Rcl y z
The theoretical intensity factor 'R! was calculated from 
R m (LP) e-2M (F.£)2V “
where R • = Theoretical Intensity
v = Volume of the unit cell
m = Multiplicity factor of particular plane (hkl) 
LP = Lorentz Polarization factor
1 + Cos22ecCos22e Sine Sin2e.
where e = Bragg Angle for the particular reflection
ec = Bragg Angle for the monochromating crystal
e“2M = DebyfrWaller temperature factor 
F = Structure factor 
f = Atomic Scattering factor
In polarization factor, account is taken of the fact that 
a beam of X-rays monochromatised by a graphite crystal is not
completely unpolarized. Thus LP is calculated with correction
factor 6C (160).
Assumptions
The following assumptions have been made while calculating 
the theoretical intensity of different reflections (hkl).
(i) The Deby*-temperature has only been determined for ferrite and 
it is assumed that this value applies to both austenite
and martensite. A range of values is given in 
"International Tables for X-ray Crystallography” but an 
average 420 K used by Averback and Cohen (L60) has been 
taken.
o(ii) As the radiation used (CuK^ X = 1.542 A) is close to the 
absorption edge of iron, correction has been made to the 
usual atomic scattering factor for different reflections 
to allow for dispersion. Averbach and Cohen used the 
following correction.
£ = fQ - Af
f = Effective Scattering factor
f = Usual Atomic Scattering factor
Af = Decrement in the Atomic Scattering due to interaction
with the K electrons usually taken as 4.0 unit£.
The Multiplicity factor for hkl reflections is as follows:
Cubic System Hexagonal System
hOO 6 hO.O 6
hhh 8 00.1 2
hhO 12 hO.l 6
hkO 24 10.1 6
hkl 48 hk.O 6
Structure Factor 1F 1 is given by 
a (B. C . C . )
F = 2f when (h + k + 1) even 
y(F.C.C.)
F = 4f when h + k ,  k + 1 ,  h + 1  are even integers 
e (c.p.h.)
| F | 2 = 4f2Cos2ir{-h~ 3 + i}
1 f ’ Atomic Scattering factor for different reflections (hkl) depend 
on composition of the alloys and/xtaken from the International 
Tables.
Calculated values of R for various phases and reflections are 
shown in Table 4.
3.9 Electron Microscopy
Transmission Electron Microscopy
Thin foils were prepared from discs cut from machined 
cylinders of 3 mm diameter. Discs were grounded on 600 grade 
paper. Different solutions were tried for dishing and polishing 
with varying success. A solution of 10 pet perchloric acid in 
methanol and 25 pet perchloric acid in methanol (methanol 
containing water <0.019O  was finally used for dishing and 
polishing respectively. Final thinning was carried out by electro­
polishing using what is essentially a "window" technique with the 
polishing potential being controlled through a potentiostat. The 
problems with oxide contamination of the foil were solved by 
controlling the temperature in the polishing tank at -40°C with 
the ctlcl of liquid nitrogen.
After thinning the foils were examined using JEM 100B electron 
microscope at 100 kv.
Replication
A replica technique has been developed to extract carbides 
from polished surface and fracture surfaces. Preparation of the 
carbon extraction replicas consisted of the following steps:
(1) Evaporation of a carbon layer in vacuo on to the surface 
to be replicated.
(2) Immersion in a 2% Bromine in methanol solution at -20°C for 
1 to lj hours to loosen the carbides along with the carbon 
film (165).
(3) Washing the replicas in ethyl alcohol and water, then mounting 
on a grid.
After mounting, they were examined with JEM 100B at 50 kv.
3.10 Scanning Electron Microscopy
Specimens for the SEM were selected by sectioning the fractured 
part of the Charpy specimen, and standard Hounsfield specimen. 
After tensile testing the fractured parts were kept in a desicator 
to protect them from contamination. Often the surfaces were 
cleaned especially when the fractures were not fresh to remove 
extraneous material and anything that would outgas in the vacuum. 
The percentage fracture mode was determined by point counting 
and ten different regions were selected from one fracture 
surface.
The EDAX energy dispersive X-ray analysis system mounted within 
the SEM system was used to analyse the unidentifiable particles on 
the fracture surface.
3.11 Auger Electron Emission Analysis
The embrittled alloys which exhibited intergranular fracture 
were subjected to Auger Analysis to analyse the fracture surfaces. 
Specimens were machined from broken sub-standard Charpies.
AES Measurements
AES measurements were made on small cylindrical specimens 
3 mm diameter x 20 mm long with a 60° V-notch in the centre, held 
in a Fe-99oNi specimen holder. The design of the holder and 
sample geometry is shown in figure 14(b). The samples were cooled 
to -80°C and were fractured in situ at pressures ^10”10 torr, using 
the Harwell impact stage. AES analyses were performed immediately 
after fracture.
A vacuum Generator cylindrical mirror analyser (CMA) of the 
type described by Bishop et al (166) was used for the AES analysis 
with an integral electron gun providing a spot size on the sample 
of 4 pm. The differential energy spectra were recorded at a 
modulation of 3v peak to peak, a primary energy of 2.5 keV and a 
specimen current of 4 yA.
Argon-ion sputtering was used to remove layers progressively 
from the surface, thus allowing the determination of the composition 
profile of the elements as a function of distance from the fractured 
surface. Each ion-bombardment comprised 9 yA-minutes at 3 kV, 
which may be approximated to a removal of ^5 monolayers.
Quantification of AES spectra
It is well established that to a good approximation the 
amplitude of an Auger Peak in the dN(E)/dE spectrum is proportional 
to the atomic concentration of the element giving rise to that 
peak (163). Problems of absolute quantification can be avoided 
by expressing results as ratios of prominent peaks of alloying or 
impurity elements to a chosen prominent peak of the matrix, provided 
that the matrix elements always dominate the surface composition.
The latter condition was not fulfilled in the present experiments. 
Accordingly the peak heights of Mn(540 eV), P(120 eV), and N(380 eV) 
were first expressed as percentage ratios of the Fe703 eV peak.
The Mn spectra were calibrated using AES spectra obtained from both 
cleavage and ductile fracture surfaces, which were approximated to 
the bulk Mn concentration.
Conversion from such peak ratios to approximate atomic 
percentages requires information about relative elemental sensiti­
vities. A widely used and comparatively simple approach to the 
conversion is to use the elemental spectra and scale factors in the 
"Handbook of Auger Electron Spectroscopy” published by Physical 
Electronics Industries Inc (PHI) (168). This approach was used 
in the present investigation using the elemental sensitivities.
The values for Mn, N and P are 0.79, 1.60 and 2.07 respectively.
Carbon concentrations were calculated relative to the 
Fe (703 eV) peak height.
4.0 EXPERIMENTAL RESULTS
4.1 Embrittlement Studies
4.1.1 Heat-treated Alloys and Microstructure
Dilatometric Analysis
The results from the dilatometric tests are given in Table III 
All the alloys, K1525, 134, 137, showed more or less the same 
transformation temperatures when they were heated and cooled at 
the rate of 50°C/minute.
Metallographic and X-ray Examination
Originally alloy K1525 was solution treated at 1000°C 
followed by water quenching. Subsequently alloys 134 and 137 were 
austenitised at 900°C followed by ice-brine quenching or air 
cooling. The austenitising temperature and quenching condition 
were altered to reduce the austenite grain size and try and 
achieve brittle failure by cleavage (7) rather than intergranular 
failure.
The first series of alloys of K1525 and 134 were solution
treated at 1000°C for 1 hour and water quenched, and/or ice-brine
aquenched. Both alloys showed£lath-martensite structure. The 
optical micrographs are shown in figure 75. The prior-austenite 
grain size was found to be ^80-90 ym in both these alloys. Each 
austenite grain / was found to contain at least (3-4) packets 
of (20-25 ym approx) in size. The X-ray analysis in both these 
heat-treated conditions showed that the alloys were completely 
a lath martensitic with e-martensite only <2 pet. The X-ray 
analysis of alloys in the water quenched, ice-brine quenched and 
air-cooled states are given in table II along with other micro- 
structural details.
Some metallographic specimens of alloy 134 were heat treated 
at 900°C/J hour and ice-brine quenched or air cooled to room 
temperature. Optical metallographic studies in both these heat- 
treated conditions once again indicated that the heat-treated 
microstructure was completely a lath-.-martensitfix.:> But this time 
the prior-austenite grain size was found to be ^65-70 ym. An 
optical micrograph is shown in fig. 75(b). Once again the 
X-ray analysis in ice-brine- quenched and air cooled condition also 
showed that the alloys are completely a lath martensitic with 
e-martensite less than 2 pet. Only (10.1)e reflection of e-phase 
was found in all these heat-treated conditions. The X-ray analysis 
are given in Table II.
Effect of Titanium and Aluminium Additions
In another series of alloys the addition of O.ITi and 0.1A1 was 
added to scavenge free nitrogen and carbon as Ti(C,N),AlN and to 
cause grain refinement. This alloy is designated as 137 and was 
first given the same solution treatment conditions as K1525 ie 
1000°C/lh-WQ. Some specimens of this alloy 137 were heat treated 
at 900°C/2 hour - IBQ, or air cooled.
The optical metallographic examination showed the prior- 
austenite grain size around (60-70 ym) after 1000°C/lh in water- 
quenched states. The grain size was (45-50 ym) after 900°C/5h 
in ice-brine quenched and air.cooled states. In each case the 
number of packets within the austenite grains were around (3-4) 
approx in each grain. A typical optical micrograph of alloy 137 
showing lath-martensitic structures is shown in fig. 76.
Transmission Electron microscopic studies indicated that in all 
cases, the packets were further composed of bundles of parallel 
laths with high density of dislocations but there was found no
internal twins in these laths. Electron micrographs of a typical 
lath-martensitic structure is shown in figures 77 9 7s.'
4.1.2 Impact Toughness Results and Fractography
Impact Toughness Data
The ductile-brittle transition curves of the alloys K1525, 
134,137 in various heat-treated condition are shown in Figs.31-35. 
Table XIX summarizes the impact transition temperatures and low- 
temperature fracture mode along with AES analysis results. Figs.31, 
illustrate the effect of cooling rate on the shift in impact 
transition temperatures irrespective of the difference in N level 
between K1525 (low N level) and 134 (high N level). Alloy K1525 
after being solution treated at 1000°C/lh-water quenched showed 
impact transition temperature around +115°C at 40.OJ whereas alloy 
134 after \ hour at 900°C but ice-brine quenched showed impact 
transition temperature of around +35°C in spite of its higher N 
level. Evidently this difference in impact transition 
temperature is primarily because of difference in cooling rate.
The low temperature fracture mode was predominantly cleavage 
in IBQ state while it was completely IG in the water-quenched 
state.
On the basis of this critical effect of cooling rate after 
solution treatment on the shift in impact transition temperature, 
it was decided to carry out the effect of air-cooling on high 
N alloy 134. Thus one batch of specimens of 134 were ice-brine- 
quenched and the other were air-cooled after solution treatment, 
but this time they were solution treated at 900°C/J hour.
The ductile-brittle transition curves of alloy 134 in the ice-brine 
quenched state and air-cooled state are plotted in fig 32. In this
case, the impact transition temperature at 30.OJ was +35°C in
ice-brine quenched state but on air-cooiing it shifted to +375°C.
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The low temperature fracture mode was almost^cleavage in IBQ but in 
air cooled state, it was 100 pet intergranular.
Thus the effect of cooling rate was found to be more critical 
if one compares the ductile-brittle transition temperatures in IBQ, 
WQ and AC states. In the air-cooled condition, it was decided to 
look at the intergranular fracture surfaces with the aid of 
electron microscopy using carbon-extraction replicas as an attempt 
to find any precipitates or any second-phase particles on the 
fracture surfaces.
Hardness Data
Table XX summarizes the hardness data for alloys 134, 137,
K1525 in different heat treated conditions. The as water-quenched 
hardness in alloy i34 after solution treatment of 1000°C/lh-WQ was 
-29HV3 0 higher than that in alloy K1525. Presumably this rise in 
hardness could be attributed to the presence of higher N level 
(0.03%) in solid solution in alloy 134 than that in alloy K1525 
(0.003%).
Another noticeable difference in the hardness value was that in 
air cooled and ice-brine quenched alloy of 134 from same solution 
treated conditions ie (900°C/^h), the as air-cooled hardness was 
- 1 8 H v 30 higher than that in ice-brine quenched state, presumably 
due to precipitation of carbides and nitrides on air cooling.
In alloy 137 the initial hardness in the water quenched 
condition after 1000°C/lh treatment was ^44Hv30 less than its
counterpart alloy 134 with no titanium and aluminium additions. This 
difference seems primarily because of interstitial tieing-up effect 
of Ti and A1 additions and to cause drop in initial hardness. A 
similar situation was observed in ice-brine quenched state and air- 
cooled state after solution treatment of 900°C/Jh. The hardness
drop in 137 in the ice-brine quenched and air-cooled conditions wascompared
-37Hv 30 and -27Hv30 respectively^ with its counterpart alloy 134 in 
the same heat treated conditionJieicc-brine quenched and air cooled.
Influence of Ti and A1 additions on Impact Toughness
Figure 33 shows the impact transition temperature in alloy 137 
in ice-brine quenched and air-cooled conditions. The impact tran­
sition temperature in air-cooled state was +135°C higher than that 
in ice-brine quenched state. This rise in (ITT°C) could be partly 
reflected from rise in Hv30-19 in the air-cooled state and partly 
could be by segregation of untied nitrogen during air-cooling to 
room temperature.
The hardness data and the impact transition temperature results 
are given in Table XX along with fractographic and Auger analysis 
results. Figs 34 and 35 show the comparative effect of Ti and A1 
additions on the shape of impact transition curve in the ice-brine 
quenched and air-cooled states in alloys 134 and 137. In figure 34, 
the shift in the impact transition temperature was negligible in 
the ice-brine quenched state but a rise of 36.OJ in the upper shelf 
energy was found in alloy 137. This effect of Ti and A1 addition 
was quite marked in the air-cooled condition as shown in figure 35. 
The impact transition temperature at 30J dropped from +375°C (134) 
to +271°C in alloy 137. Once again a similar rise of nearly 70.OJ 
was noticed in the upper shelf energy in alloy 137. It seems from 
figure 34 and figure 35 that the addition of Ti and A1 not only
depresses the impact transition temperature but also raises the 
upper shelf energy.
Fracture Surfaces Examination
The fracture surfaces of the alloy K1525, 134 showed completely 
intergranular fractures under impact testing at room temperature 
after being water quenched from the solution treatment of 1000°C/lh. 
The scanning electron micrographs are shown in figs 80 and 81£c*)
But the fracture mode completely changed to cleavage on ice-brine 
quenching and very occasionally grain-boundary facets were observed. 
Figure 82 shows SEM of fracture surface of alloy 134 (high N) 
ST1000°C/lh - ice-brine quenched.
In alloy 137 (0.ITi-O.1A1) the fracture mode was once again 
predominantly intergranular after solution treatment of 1 hr, 
1000°C-WQ. At this time only 70-80 pet was intergranular, whereas 
the remaining 20-30 pet was quasi-cleavage. The interesting point 
to note was the fine precipitation of Ti(C,N), AIN particles on the 
grain-boundary facets. A typical scanning electron micrograph of 
fracture surface of alloy 137 after being solution treated at
l000°C/lh water quenched and impact tested at room temperature
is shown in figure 83.
In the second series of alloys of 134 and 137 solution treated
at 900°C/Jh followed by ice-brine quenching and air cooling, showed 
completely cleavage fracture mode on impact testing in the ice- 
brine quenched state but it changed to smooth-intergranular mode 
on air cooling. Figures 84, 85 show scanning electron micrographs 
of fracture surfaces in the ice-brine quenched state of alloys 134, 
137 respectively. The fracture mode was almost cleavage (100 pet 
cleavage) below the transition in alloy 134 but again in 137
even on ice-brine quenching, fracture mode is 80-90% cleavage but 
still the remaining 10% is grain-boundary facets. A typical micro­
graph taken from three different portions of fracture surface is 
shown in figure 85. 85(a) shows the fracture mode in the centre
of the fracture surface. On the grain boundary facets, a fine ppts 
of Ti(C,N), AiN were noticed. Figure 86,88 shows the scanning
electron micrographs of alloys 134,137 in the air-cooled condition.
completely
The fracture mode was almost^intergranular in both these cases below 
the transition. In alloy 134, a change in fracture mode was observed 
from completely intergranular in the centre to small amount of 
cleavage towards notch and opposite to notch. A typical scanning 
fractograph is shown in figure 86(a,b,c). In alloy 137 this 
difference was not round in the fracture mode away from the centre as 
shown in figure 88 (a,b,c). The carbon extraction replicas from the 
fracture surface of Charpy impact specimen having predominantly 
intergranular fracture mode, showed no evidence of precipitation.
C » /v* jo £« f i t  t j
The fracture surface was found almos t/ c lean as shown by the electron 
micrograph in figure 87.
For all the alloys at temperatures above the ductile-brittle 
transition, the fracture mode consisted of ductile dimples. Some­
times these dimples were associated with inclusions. A typical 
example of the ductile fracture observed is shown in figure 81(b).
Auger Electron Emission Analysis
In alloy K152S in the as water-quenched condition, in situ 
impact testing produced a predominantly intergranular failure 
mode with crack propagating along the prior-austenite grain 
boundaries. A typical fractograph of alloy K1525 (low N) and alloy 
134 (high N) in the water-quenched state after being solution
treated at 1000°C/1 hour is shown in figure 80 (a,b), figure 81(a)
respectively. The fracture mode was aJmost^intergranular with 
some transgranular areas, possibly having been produced at the 
intersection of an annealing twins with the prior-austenite 
grain boundaries.
Representative spectra taken from the as fractured surface in 
the water-quenched condition are shown in figure 55. The quanti­
fication of AES spectra, in terms of atomic concentrations is 
presented in Table XIV for the alloy K1525. The spectra of the as- 
quenched material exhibited several important features. Firstly, 
no evidence was obtained for the grain-boundary segregation of any 
of the classical embrittling elements of temper embrittled steels 
(ie Sb, Sn, P or As). Secondly, the enhanced levels of S and N 
relative to the bulk were detected on the fracture surface. Although 
the sulphur signal probably originated at the MnS particles which were 
present on the granular areas. Thirdly, the Mn concentration
on the fracture surface, as deduced by the quantification procedure, 
approximated to that of the bulk.
These results therefore demonstrated that no significant segre­
gation of alloying or impurity elements has occurred during the 
austenitizing treatment and a possible contributory factor in the 
intergranular fracture of the as-quenched material is the presence of N 
at the grain'boundaries.
The concentration profiles of the elements Mn, N and C as a 
function of distance from the grain boundary for the alloy K1525 in 
the as'■water-quenched condition is shown in figure 58. It should be 
noted that the Mn signal decreases on ion-bombardment to levels below 
that of the bulk value due to the preferential sputtering of Mn (155) 
and hence no positive conclusions can be made, regarding Mn
distributions as a function of distance from fracture surface. 
However, from a comparison of the sputtering profiles shown in 
figure 58 it can be deduced that the enhanced N concentration was 
limited to the first few monolayers of the boundary.
Another interesting feature of the sputtering profiles in the 
as quenched condition was that the C level increased with bom­
bardment. This suggests a possible * C T de-segregation during 
austenitisation and quenching which could also strengthen the 
matrix relative to the boundary, resulting in intergranular 
fragility. But still the predominant factor affecting intergranular 
brittleness in the as water-quenched state is the segregation of N 
to the prior-austenite grain boundaries. The results of the quan­
tification of the AES spectra (Figs 60-62) in terms of atomic 
concentration taken from the fracture surfaces of alloy 134, 137 
in the ice-brine quenched condition and air-cooled condition after 
being solution treated at 900°C/\ hour are shown in Table XVI.
In situ impact testing produced a predominantly cleavage fracture 
in the ice-brine quenched state whereas it was completely inter­
granular in the air-cooled condition.
The results of the Auger analysis on sputtering in alloy 134 
(high N) in the air-cooled condition are given in Table XV. As shown 
the build-up of both Mn and N above the bulk level was detected on 
the prior-austenite grain boundaries. Once again on sputtering, the 
AES results indicated the de-segregation of carbon.
In Table XVI, in the ice-brine quenched state of alloys 134,
137 the N level on the fracture surface, possibly on the inter­
packet or other low-angle boundaries, was above the bulk level, 
although such enhancement lies within the experimental error 
of the bulk.
The snaller amount of N in alloy 137 could be because of Ti and A1
Bv<addition. But in^air-cooled condition, the level of Mn and N^both 
raised considerably higher than the bulk level in both alloys 
134, 137. Once again the N level was less = 3.5 at pet in alloy 
137 where as in 134, N level was =5.4 at pet in one specimen and 
=8.3 at pet in another specimen. The increase in N level at the 
grain boundaries resulted in rise of Mn level which indicated a 
strong N-Mn interaction.
Figs. 65, 64 show the effect of cooling rate on the shift 
in impact transition temperature along with the variation in 
grain-boundary concentration of Mn, N in alloys K1525, 134, 137. 
This curve shows that on air 'cooling the impact transition tempera-
i n e r - t * f ~ »  e%
ture^A maximum in alloy 134 with increase in Mn and N con­
centration at the grain boundaries.
4.1.3 Effect of Aging at 450°C 
Hardness Data
The variation of hardness with aging time at 450°C for alloys 
134 and 137 after being solution treated at 9 0 0 °C/2 h and ice- 
brine quenched, is shown in figs 42, 44. The errors shown are 
the 901 confidence limits.
Alloy 154 (Fig.42) showed a higher as-quenched hardness than 
alloy 137 and exhibited two age-hardening peaks with a rise in 
hardness of ^1OHv 30 after 1.0 minute and 10 mins of aging 
respectively. The first peak is thought to be due to Fei+N which 
appears to be replaced by Mn3N2 on longer aging (89, 96).
Hardness dropped rapidly after approximately 2 hours, falling 
=5OHv 30 after 100 hours of aging: whereas the reverted austenite 
started appearing after 60 hours of aging at 450°C.
In contrast alloy 137 (0.ITi-O.lAl) Fig 44, showed 
negligible hardening =5Hv30 after 6 minutes, but hardness started 
falling after nearly 10 minutes at 450°C. In this case the 
hardness only fell =2uHv30 after 2 hours but remained constant over 
the rest o± aging rime till 100 hours.
Alloy K1525 showed slight hardening ar 450°C. The hardness
first increased by =12Hv30 in 10 minutes but it started falling;
had
after 12 minutes andifallen nearly 25Hv30 after luO hours of aging
at 450°C. In figure 50, the variation in hardness with agingKI525
time in alloyj[arter being solution treated at luOO C/lh,' ' 
water quenched ana aged at 350°C, 400°C, 450°C, is shown.
The hardening characteristics of alloy K1525 aged betwreen 350-550°C, 
<\s plotted in  ^ = an Arrhenius manner in Fig 52 and will
be reported in section 4.1.5.
X-ray Diffraction Analysis
The results of phase analysis during aging at 450°C are 
summarized in Tables fV-vIII) for alloys 137, 134, K1525 after 
being solution treated at yOO°C/£ hour, air cooled, ice-brine 
quenched and 1000°C/lh water-quenched respectively. In alloy 
137, the aging was carried out c up to 100 hours in order 
to see the rate of formation of reverted austenite and its 
stability at liquid nitrogen temperature. It is interesting to 
see in Table V & VI that after 100 hours of aging, the amount
of reverted y is 3.3% in alloy 137 (_0.lTi-0.lAl) after being
ice-brine quenched and 5.7% after being air-cooled from the 
solution treated condition. Another point to note was the 
difference in the amount of reverted y from 3.3 pet after 100 hours
to 7.4 pet after 1000 hours in IBQ state but in air-cooled
condition the amount of reverted y remained more or less the same
ie nearly 5.7 pet after 100 hours and 1000 hours of aging at 
450°C. In both these heat-treated conditions, the reverted y 
started appearing after 60 hours of aging at 450°C, first only (111) 
reflection appeared . and a measurable amount formed after 75 hours 
of aging at 450°C. In all the X-ray traces (10.1) reflection was 
so faint that it could not be measured and moreover, it seemed that 
e-martensite formation was merely taking place via plastic 
deformation induced martensitic transformations. In all these 
measurements of %age phases, the combination of six peaks were 
taken in order to even out the error due to preferred orientation 
etc. It was interesting to find that the reverted
austenite which formed after 1000 hours at 450°C was stable at liquid
material which had previously been 
nitrogen temperatures in bothj^ice-brine quenched and air cooled.
As the prime objective for these phase-transformation studies 
was to isolate the embrittlement during aging at 450°C, in a lath- 
martensitic state from being affected through phase-transformation 
effects of forming y and e-martensite, thus in alloys 134 (high N) 
and K1525 (low N), the aging studies were made up till 100 hours 
at 450°C. In both these alloys, once again (111) peak started 
appearing after 60 hours but measurable amount formed after 75 
hours; 1.6%y in alloy 134 (high N) and 1.5%y in alloy K1525 (low N)^  
after being ice-brine quenched and water-quenched from 900°C/J hour 
and 1000°C/1 hour respectively. It was interesting to find that in 
134 (high N) and K1525 (low N) the amount of reverted austenite 
after 100 hours of aging was nearly 1.8%; almost the same in both 
cases. At this stage it would be worth mentioning that the amount 
of reverted austenite was 1.5 pet greater in IBQ and 3.9 pet greater 
in AC in alloy 137 (O.lTi and 0.1A1) than its counterpart alloy 
134 (high N). Perhaps this difference could be attributed to
the presence of Ti and A1 in alloy 137.
Metallographic Examination
Optical metallographic studies failed to show any difference in 
of these alloys T the micro-structure/on aging even after 1000 hours/in these alloys.
Electron microscopy showed v the interlath appearance of reverted
y along with highly annealed structure of a-martensite after longer
aging of 1000 hours at 450°C. Fig 79 shows the transmission
electron micrograph of alloy 137 (O.lTi & 0.1A1) aged for 1000
hours at 450°C after being solution treated at 900°C/| hour and ice-
fhe.
brine quenched. Note^sub-boundaries in the micrograph in this highly 
polygonised structure.
Impact Toughness Data
The effect of holding time at 450°C on the shift in ductile- 
brittle transition temperature in alloys 134 (high N) and 137 (O.lTi 
0.1A1) is shown in figures 43, 45. In alloy 134 (high N) the aging 
at 450°C was found to have a profound effect on the shift in ductile- 
brittle transition temperatures. In the first six minutes, the 
transition temperature shifted from +25°C to +175°C. In one hour
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of aging, the DBTT^/ ; to +225°C. But on aging up till 10 hours
at 450°C, the transition temperature again dropped back to +150°C. 
Similarly, the effect of holding time at 450°C on the shift in 
ductile-brittle transition temperature in alloy 137 (O.lTi & 0.1A1) 
is shown in fig 45 and it will be seen that the effect is less 
profound than that in alloy 134. In the first 1.5 minutes, the DBTT 
shifted from 0°C in the IBQ state to +100°C and it raised to +135°C 
in six minutes of aging at 450°C. But by increasing the holding time 
up to 1 hour and 10 hours, the DBTT°C dropped back to 110°C and 1C0°C 
respectively. In alloy 137 (O.lTi & 0.1A1) the highest shift, ^135°C 
was obtained after six minutes at 450°C.
The effect of holding time at 450°C on the shift in ductile- 
brittle transition temperature and hardness is shown in figure 46. 
It would appear that the shift in transition temperature on aging 
at 450°C seemed to be enhanced by the age-hardening response of 
the alloys, along with some other effects. In both these alloys 
134, 137, especially in the first six minutes of aging at 450°C, 
it appeared that in addition to change in hardness, there is some 
other mechanism causing such a drastic rise in ductile-brittle 
transition temperature. Although a small rise in hardness after 
six minutes of aging has also occurred in both the alloys^another 
notable difference was the age-hardening response of alloy 134 
which was greater than alloy 137 possibly as 137 alloy contained 
O.lTi and 0.1A1 which might have tied up any free interstitials.
It seems from figure 46 that the softening stage have more effect 
on the drop in ductile-brittle transition temperature especially in 
alloy 134. Alloy 137 started softening after six minutes with a 
consequent drop in ductile-brittle transition temperature whereas 
alloy 134 showed drop in hardness after 1 hour with consequent 
fall in the ductile brittle transition temperature. In alloy 137, 
no change in hardness was found between 1 hour to 10 hours of 
aging and as shown in figure 46 no marked change in the ductile 
brittle transition temperature was noticed for this aging time at 
450°C.
Tensile Data
In alloyK1525, the effect of aging at 450°C was monitored
iests _ ^by tensile-ductility//at -78°C and at a strain rate of 0.5 min
figure 54.The embrittlement data was also plotted in an Arrhenius 
manner,figure 52 and will be discussed in section 4,1,5.
The tensile data of embrittlement kinetics showed 
that the rapid embrittlement occurred in alloyK1525 between 
450-550°C and figure 54 shows the embrittlement kinetics curve 
which coincidentally represents a C-curve behaviour.
Fracture Surfaces Examination
The fractographic characteristics of different alloys in 
various heat treated conditions along with impact data and Auger 
analysis have been summarized in table XIX. In alloyKL525 , the 
low-temperature fracture mode after being solution treated at 
10G0°C/1 h and water quenched was 100 pet intergranular with the 
crack propagating along the prior-austenite grain boundaries.
A scanning electron micrograph showing a typical fracture mode 
is shown in figure 80. No difference was noticed in the 
appearance of the fracture surfaces as a function of aging time 
at 450°C. Some transgranular areas were present, having been 
produced at the intersection of annealing twins with the prior- 
austenite grain boundaries. The perturbation of the grain- 
boundary structure produced by the annealing twin was sufficient 
in some cases as shown in figure 80 to change the mode of 
fracture from inter-granular to cleavage across the twin. On 
traversing the twin the fracture reverted to an intergranular 
mode.
In alloy 134(high N) the fracture mode was foundto change from 
cleavage in the ice-brine quenched state to 5-10 pet IG on aging
for six minutes at 450°C. The intergranular mode increased to 
10-15 pet after aging . 1 hour, 'but even after 10 hours -
a ; x: of aging the percentage intergranular fracture mode remaine 
almost the same. In all these heat-treated conditions in alloy 134, 
in addition to intergranular fracture mode, the remaining 80-85 
pet fracture mode consisted of quasi-cleavage.
In alloy 157, the influence of aging on the change in fracture 
mode from quasi-cleavage in the ice-brine quenched state to 
intergranular was rapid. Even in the ice-brine quenched condition,
the fracture mode was nearly 10 pet intergranular. But on
/
aging at 450°C it changed rapidly. In the first six minutes as 
shown in figure 92 fracture occurred by 50 pet IG and 50 pet 
cleavage, but in one hour of aging, it almost changed to 90 pet 
intergranular with smooth grain-boundary facets. A typical 
fractograph showing this fracture mode is given in figure 93.
The percentage fracture mode remained almost same till 10 hours but 
as shown in figure 94 a localized coarse precipitates were 
observed on the fracture surface.
Auger Electron Emission Analysis
AES Measurements of the As Fractured Surfaces
The results of quantification of AES peak ratio for 
alloys K1525, 134, 137 on aging at 450°C are summarized in 
table XIV,XVII,XVIII. Representative AES spectra of alloy K1525 
are shown in figure 55 and the quantification of the seectra, 
in terms of atomic concentration is presented in table XIV. The 
grain boundary concentrations of Mn, P and N as a function of 
aging time at 450°C are presented in figure 57. A rapid grain- 
boundary enrichment of Mn was observed especially in the first
six minutes of aging. As tabulated in Table XIV and plotted in 
figure 57 the Mn level increased from 7.6 at pet in the WQ state 
to 18.5 at pet after aging for six minutes at 450°C. It should 
be noted that the nitrogen level also increased from 2.2 at pet in the 
as quenched condition to 4.4 at pet after six minutes of aging at 
450°C. Another intriguing aspect of aging studies in alloy K1525 
was the gradual build up of phosphorus as the aging progressed but 
initially at a much slower rate than for N. The degree of 
embrittlement as measured by tensile ductility increased on aging 
at 450°C, figure 51. (The effect of aging at 450°C on DBTT in K1525 
were not studied due to lack of material) . In some of the
specimens carbon was also noted which was attributed
to 1 vo carbide precipitation or . p o s s i b l y  contamination in -
the AES (I )
Tables XVII and XVIII summarizes the quantification of the AES 
spectra of alloys 134 and 137 on aging at 450°C for six minutes, 1 
hour and 10 hours. The AES spectra for these aging times are shown 
in figures (60) for alloy 134 (high N) and in figure 62 for
alloy 137 (O.lTi and 0.1A1). The variation in grain boundary 
concentration of Mn and N as a function of aging time in alloy 134 
and alloy 137 has been plotted in figures 65,66 on aging for six 
minutes, 1 hour, 10 hours at 450°C respectively.
By comparing the aging results of alloy K1525 and 134 in figure 57 
and figure 65 it seems that in alloy K1525 (0.003IN) during the
first six minutes of aging, the concentration of Mn on the fracture
significantlysurface increased a and rapidly with a slight rise in N concen­
tration as well, whereas in alloy 134 (0.03%N) in the first six
minutes,yMn level rose only a small amount while the N concen­
tration remained more or less the same. It appears as if in alloy
K1525 because of less N (0.003%) the Mn atoms have segregated freely 
and have also induced P segregation through Mn-P interaction.
In alloy 137 (O.lTi and 0.1A1) the situation was a little 
different as it contained O.lTi, 0.1A1 and obviously the level of 
free nitrogen would be less. In figure 66, the variation in grain- 
boundary concentration of Mn and N with aging time in alloy 137 has 
been plotted.
Figure 67 gives the comparative picture of the fracture , 
surface concentration of Mn and N in alloy 134 and alloy 137 (O.lTi 
- 0.1A1) in the ice-brine quenched state and on aging at 450°C. It 
is shown in this figure that the overall level of Mn segregation to 
the fracture surface is more in alloy 137 than in alloy 134, although 
it should be noted that in alloy 134 (high N) Auger signals may have 
come from the cleavage facets rather than the grain boundaries.
The N concentration after six minutes also remains the same in both 
alloys as that in the ice-brine quenched state, being possibly 
lower in alloy 157.
AES Measurements As a Function of Ion Bombardment
The concentration profiles of the elements Mn, N, P and C 
as a function of distance from the grain-boundary are shown in 
figure 58 for the as-quenched condition and for the material 
aged for 12 minutes at 450°C in alloy K1525.. It should be noted 
that the Mn signal decreases on ion-bombardment to levels below 
that of the bulk value due to the preferential sputtering of Mn 
(155). However, from a comparison of the sputtering profiles shown 
in figure 58, it can be deduced that the enhanced Mn concentration 
on aging was limited to the first few monolayers of the boundary. 
Similarly the N, P segregation was limited to the first few
monolayers of the boundary suggesting that the segregation of N and 
P was enhanced by equilibrium segregation of Mn atoms during aging 
at 450°C but it appears that there might have existed a site 
competition process between N and P atoms.
In the as quenched material, the carbon level increased with 
bombardment whereas it remained approximately constant for the 
aged material (>3 minutes 450°C). This also suggests a possible C 
desegregation during austenitization and quenching which can 
strengthen the matrix relative to the boundary, resulting in an 
intergranular fracture.
4.1.4 Phase Transformations in the Upper Critical Temperature 
Range 450-650°C
In order to study the kinetics of embrittlement during holding 
in the (a+y) phase region, the phase transformations were first 
studied in the upper critical temperature range ie between 
4b0-650°C below the As temperature.
X-ray Diffraction Analysis
Table VIII, IX, X summarize the peak combinations and the 
percentage phase-analysis on aging alloy K1525 at 450°C, 550°C, 650°C 
respectively. The volume pet reverted austenite and epsilon 
martensite as a function of aging time is plotted in figure 53.
Phase-Transformations at 450°C
In alloy K1525 while holding at 450°C, the strongest reflec­
tion of austenite ie (111)^ started appearing after 60 hours but 
measurable amount of reverted y formed after 75 hours of aging 
when (200)^ peak also appeared. After 100 hours of aging (220)^ 
peak was also measurable. The amount of reverted austenite was
1.5 pet after 75 hours and 1.5 pet after iuu hours of aging at
450°C and the remaining was a-martensite. The results of phase
occuring
transformations>at 450UC are shown in Table VIII and plotted in 
figure 53.
Phase Transformations at 550°C
Table IX summarizes the peak combinations and the percentage 
phase analysis on aging at 550°C. The results have also been 
plotted in figure 53. It appears that the amount of e-martensite 
first increases then decreases on isothermal holding while the 
amount of austenite shows a gradual increase.
Phase transformations at 650°C
Table X summarizes the peak combinations and the average %age 
phase analysis on isothermal holding at 650°C shown in figure 53.
A similar behaviour to that at 550°C is occurring on isothermal 
holding although in this case the percentage*of e and y are greater.
Metallographic Examination
Optical metallographic examination failed to show any micro- 
structural changes produced by aging treatments. In some cases 
stain etchant like Schumann’s reagent was tried with a hope to 
get blue, brown and yellow colours for a, y ana c-martensite but 
it did not work. Electron microscopy helped to show the 
microstructural and phase-changes and these will be discussed in 
detail in section 4.2.1. under the effect of thermal-cycling 
treatment. The cycling treatment employed not only refined 
the prior-austenite grain size but also produced phase changes 
like the formation of epsilon martensite and reverted austenite.
4.1.5 Kinetics of Embrittlement
After studying the phase transformations in the upper critical
temperature range of (450-650°C) the kinetics of embrittlement 
was studied by determining the drop in tensile-ductility as measured 
by reduction in area as a function of aging time between 350-650°C. 
Tensile specimens were tested at -7S°C at a strain rate of 0.5 rnin-1.
The variation in hardness as a function of aging time was also 
studied in an attempt to see any relationship between hardening and 
embrittlement on aging in alloy K1525.
Figure 54 shows the ductility transitions over the range of 
temperature from 300-650°C as a function of aging time. It 
is interesting to see that when all the ductility transitions at
the datadifferent temperatures for different times were plotted together A
atook the form of4C-curve. In this figure, the dashed portion 
shows the region during which phase-transformations comprising 
of reverted austenite and epsilon martensite occurs. Thus the 
ductility transition shown in the figure occurred in the a-martensite 
state. The fracture mode in the brittle region was 100 pet inter­
granular. Figures (95,96) show scanning electron micrographs of 
fracture surfaces of Hounsfield tensile specimen aged at 550°C,
650°C respectively for 10 minutes after being solution treated 
at 1000°C/1 hour and water quenched.
Arrhenius Plot Determination
In order to determine the activation energy for embrittlement 
the data from the tensile-ductility transition was plotted in
an Arrhenius manner, It is interesting to see that the variation 
of tensile-ductility with time and temperature on aging alloy K1525 
gave an activation energy of 77 kJ/gm atom for embrittlement.
From the aging curves at different temperatures in alloy K1525 
shown in figure 50, the aging time .to ‘ peak hardness r. ■ ~
:c was used to determine the Arrhenius plot for hardening.
The hardening plot gave an activation energy of 147 kJ/g-atom.
Both the plots for hardening as well as embrittlement are shown 
in figure 52.
4.2 Effect of Thermal-Cycling Treatment
4.2.1 Thermal-Cycling Treatment in Fe-Mn Alloys
Heat-treatment Cycle
In order to devise the thermal-cycling treatment for refine­
ment of the prior-austenite grain size, dilatometric studies were 
conducted to determine the transformation temperatures in these 
alloys. Table III summarizes the transformation temperatures in 
alloys 134, 137, K1525. Earlier studies on Fe-Ni alloys (145) 
indicated that when the alloys were heated or cooled rapidly 
between room temperature and the y-field, both the transformations 
of a+y and y-^-a occur primarily through a diffusionless shear mechanism, 
while if the alloys are annealed within the two-phase (a+y) field, 
the transformation proceeds through a diffusional nucleation and 
growth process leading to an equilibrium partitioning of Ni f 
between the two phases. On the similarities between Fe-Ni and Fe-Mn 
systems, both the transformation mechanisms could be used for grain- 
refinement in Fe-Mn alloys as well. If a Is heated to the y-field 
and then cooled to room temperature, a decrease in apparent grain 
size (or martensite packet size) results presumably to relieve the 
internal strain built-up during the shear transformation. If a is 
annealed inside the two-phase region, a very fine lath-like structure 
results with the formation of reverted austenite and its preferential 
nucleation in the boundaries of the nartencite plates and prior- 
austenite grain boundaries, thus refining the whole microstructure. 
Based on these theoretical principles, a cycling treatment was 
devised, the schematic illustration of which is shown in figure 6 8 .
In this treatment, the austenite reversions were alternated with 
two-phase decompositions. The annealing temperatures were chosen 
from the results of dilatomatric studies. The austenitising
temperature was selected to be low -enough to minimize , grain 
growth, while the two-phase decomposition temperature be high 
enough to maximize the rate of decomposition. The annealing times 
and total number of cycles were chosen from metallographic studies 
of grain refinement, X-ray analysis results and low-temperature 
mechanical testing.
Metallographic Examination
Table II summarizes the microstructural details of alloy 
K1525 before and after thermal cycling treatment. A typical 
optical micrograph is shown in figure 97 (a,b) where the prior- 
austenite grain size has been reduced to 21 ym from 80-90 ym after 
first complete cycle comprising of (I^+I^) stages as shown in 
figure 68. The white bead-like decoration predominantly along 
the prior-austenite grain boundaries is presumably the reverted 
austenite network. Optical micrograph in figure 98 (a,b) shows 
further refinement of the prior-austenite grain size to 10-15 ym 
after second cycle comprising o £ (IA +IB + n A +I1 stages as shown 
in figure 68.
X-rays diffraction Analysis
Table XI summarizes the results of phase-transformations on 
thermal cycling treatment in alloy K1525 after being solution 
treated at 1000°C/1 hour and water quenched and subjected to heat- 
treatment cycle of (I^+Ig+II^+IIg) stages as shown in figure 68. 
Four peak combinations were chosen to find average lage phases on 
cycling at each stage. After 1^ stage ie 740°C/2h-air cooledfthe 
e-martensite was only less than 2 pet, but after 
ie 650°C/2 hour - air cooled, the phase analysis consisted of 
y=5.8l, e=28.0l and a=66.2%. It should be noted that during
the 740°C/2 hour anneal of the second cycle ie 11^ stage,even
though 740 C is above the temperature, 4.1 pet reverted
present
austenite was still , out the amount of epsilon marrensite was
decreased down to 4.0 pet whereas a = 91.9 pet. After completion 
of the second cycle (Il^+IIg) ie 650°C/2 hours anneal, the phase- 
analysis consisted of y = 8.0-6, e = 24.6 pet and a = 67.4%. Note 
that the amount of reverted austenite has increased, £-martensite 
has decreased while a-martensite remained more or less the same 
after the completion of second cycle. . _
This indicated that the reverted austenite formed at 6 5 OC was so 
enriched in manganese,that the M$for the € transformation lay 
below room temperature and thus there was an increase in the amount 
of austenite and a decrease in the amount of epsilon martensite 
observed at room temperature.
:: • In Table XI it is shown that by holding
the thermally-cycled alloy in liquid N2, some of the transformations 
seemed to occur ,especially y->e as the amount of y has dropped from
8 . 0  % to 6 . 0  % while the amount of e-martensite has increased by 
the same amount. Another interesting aspect was that the amount 
of reverted austenite possibly increased by increasing the number 
of cycles.
Cryogenic Impact Data
Figure 70 shows the influence of thermal-cycling treatment 
on impact transition temperature in alloy K1525. It is evident 
that at 30J the shift in impact transition temperature has taken 
place from +115°C to -60°C. This shift in impact transition is 
attributed to grain refinement of the prior austenite from 80-90 ym 
to 10-15 ym and phase transformations to reverted austenite and 
£-martensite which are generally regarded to improve the low- 
temperature toughness.
Cryogenic Tensile Data
Figure 71 shows the effect of thermal cycling treatment on 
engineering stress - elongation curves for alloy K1525. The tensile
testing was carried out at -78°C at a strain rate of 0.5 min*"1. It 
is shown that 8% Mn alloy after solution treatment (1000°C/1 h - WQ) 
having bcc matrice exhibited fairly high yield strength but rather 
poor elongation. But after thermal cycling treatment, the yield 
strength seems to be decreased but elongation increased almost three 
times. As the alloy consisted of triple phase microstructure 
(a = 67.2%, £ = 26. 8% y = 6.0%) at -80°C, thus it appears
that with increasing amount of e in a primarily a microstructure, th 
yield strength decreased.
The above behaviour can be rationalized if account is taken of 
the differences in yield strength between phases and the changing 
stability of e phase. In this phase microstructure (a + y + e), the 
e phase is predominent, it appears that as the load is increased, 
the flow or strain tends to concentrate in the weaker £ phase and 
y phase as well*because y and £ phases are reported (52) to have 
comparable strengths, thus the overall yield strength was con­
trolled by the strength of the (y + e) phases. The shape of the 
curve indicates that as the load was increased during tension 
testing at -78°C, the £ phase has transformed to a. It is 
probable that a stress-induced martensitic transformation of £ to a 
has contributed to low yield strength but apparently increased in 
%age elongation because of localized flow. Stress-induced trans­
formations have been reported in several metastable austenitic 
steels of low austenite stability (156,157). It was shown (158) 
that these stress-induced transformations could significantly 
raise the ductility and fracture toughness of alloys having 
metastable matrices. In the Fe-Mn system, the possible stress- 
induced transformations are those of the hexagonal £ phase 
transforming during deformation to bcc a and of the retained 
austenite transforming to either £ or a or both. White and
Honeycombe 1.17) and, more recently, Holden et al (.2) found pnase 
transformations of this kind to occur uuring cold-working of 
Fe-Mn alloys.
Hardness Data
Thermal cycling increased tne hardness from 258±2Hv30 to 
392±6Hv 30. This high nardness must be partly due to grain refinement 
but also due to high work nardening rate shown by the stress-strain 
curve, figure 71.
Electron Microscopy
Figures (.102-107) show the transmission electron micrograpn 
in alloy Ki525 after*.thermal-cycling treatment- : . .  - • 
Figure 101 shows the initial lath-martensitic structure with high 
density of dislocations in alloy K1525 as solution treated at 
1000°C/lh and water-quenched. On thermal cycling as shown by the 
X-ray diffraction analysis (.Table XI) triple phase microstructure 
comprising of (a+e+y) is developed. Thin foil electron micrograph 
in figure 102 shows the presence of y and e phases at a-lath boundaries 
iince the nucleation at these sites is much easier than in the body of 
the a-laths. The grain refining effect of the continuous y+e+d 
transformation can be seen from figure 102 (a,b) which shows the 
parallel sided laths of a-martensite formed from the highly faulted 
y-phase. A high local density of dislocations may be seen in these 
a-laths producing the ’banding’ contrast which is also observed.
Figure 104 (a,b,c,d) show the increasing y and e phase content of /he 
thermally-cycled alloy, determined by X-ray diffraction analysis.
The specimens subjected for the further Ilg treatment
(figures 103,104) also show the effect of heat treatment on the dis­
location substructure by mutual annihilation of positive and negative
dislocations and formation of subgrain boundaries in the a-phase.
Dark-field electron microscopy was used in figures (105-107) 
to show the nucleation and precipitation of y-phase at interlath 
boundaries and within the a-laths.
Fracture Surfaces Examinations
Figures 99,100 show the scanning electron fractograph of the 
fracture surface of impact and tensile speciments respectively in 
alloy K1525 after thermal-cycling treatment.
Comparing the fracture mode on impact testing in figure 99 with 
that in figure 80 where the fracture mode is completely intergranular 
in alloy K1525 after solution treatment at 1000°C for 1 hour and 
water* quenched , it is noticed that in the thermally-cycled condition 
the fracture mode has changed from intergranular to ductile^cleavage 
due to so called ’flaking’ effect (4) on brittle facet walls indicating 
the breakdown of true cleavage due to the presence of y and e phases 
at the lath and packet boundaries. Another interesting feature in thes 
scanning electron fractographs is that the size of the areas shown by 
these ductile regions correspond to the grain size of the prior 
austenite as shown by the bead-like network of austenite islands along 
the grain’boundaries as shown in optical micrographs (figures 97,98).
Figure 100 shows the scanning electron fractograph of the 
fracture surface in tensile specimen. As during thermal cycling 
(figure 68) the specimens have been actually tempered at 655°C in the 
(a+y) field and the X-ray diffraction analysis has shown a mixture of 
triple phase (a+e+y),& complex fracture mode is observed. On tensile 
testing at -196°C at a strain rate of 0.5 min“ 1, the reduction of 
area dropped to zero per cent with fracture mode predominantly cleavage
with random ductile regions, Figure 100(a,b).
4.2.2 Thermal-cycling Treatment in Fe-Mn alloys with Ti & A1 
Additions (Alloy 157)
Charushnikova (66) pointed out that an improvement in impact
toughness in manganese steels could be expected from the addition
of aluminium or titanium due to the high affinity of these elements
for nitrogen and it was suggested that combining nitrogen into stable
nitrides, these elements would substantially neutralize its harmful
effect as an element blocking dislocations. Keeping these ideas in
ihz.mind, it was decided to apply/fthermal-cycling treatment tq alloy 137 
(0.ITi-O.1A1) which already showed slight refinement in the prior 
austenite grain size.
Impact Data
Figure 73 shows the influence of thermal-cycling treatment on 
the shift in impact transition temperature from +150°C after solution 
treatment (1000°C/lh)-WQ state to -40°C. The likely factors 
responsible for this shift are attainment of grain refinement of 
prior austenite from 60-70 ym in the water quenched state to 10-15 ym 
after thermal cycling treatment and beneficial effect of phase 
transformation products like y = 39.61, e = 20.6%, a = 39.8% at room 
temperature. Alloy 137 (0.ITi-O.1A1) showed inferior toughness even 
with the addition of 0.1 titanium and 0.1 aluminium in comparison 
with the toughness shown by alloy K1525 when they were both subjected 
to the same thermal cycling treatment.
Hardness Data
The hardness results in alloy 137 (0.ITi+O.1A1) and in alloy 
K1525 in the water quenched condition after being solution treated at 
1000°C/lh shows that the starting hardness of solid solution in 137
is Hv 3 0 = 244 whereas it is Hv 30 = 258±2 in K1525 ie -Hv30=15 lesser 
in 137. This decrease in hardness could be d C to the tieing-up 
of free interstitials by the addition of titanium and aluminium in 
alloy 137. £ On thermal cycling the hardness of this alloy
increased to Hv 3 0 = 333 at R.T. This rise in hardness could be mainly 
by grain refinement and may be through triple-phase structure as well. 
By comparing the hardness values in alloy K1525 after thermal-cycling 
treatment ie Hv 30 - 400±20 with same degree of grain refinement as 
in alloy 137 but difference in %age phase analysis (y = 8.01, e = 24.6
a = 67.41) it seems likely that a decrease in hardness in alloy 157
mainlyhas^come from %age phases . (y = 39.61, e = 20.61, a = 39.8 %) but
could also be partly from Ti(C,N), AIN precipitates coarsening during 
the course of thermal cycling treatment. _ \ This decrease
in hardness in alloy 137 ie Hv 30 - 60 suggest that the alloy should 
show improvement in impact toughness. ’.-However the toughness
properties were impaired and will be discussed later.
X-ray Diffraction Analysis
The phase-transformat ions on thermal-cycling in alloy 137 
(0.ITi+O.1A1) are shown in Table XIII and the stability of the 
resulting phases is also shown at -196°C. The phase analysis after 
thermal-cycling treatment consisted of y = 39.6%, e = 20.6%, and 
a = 39.8%. After holding the specimen at liquid nitrogen temperature 
for 15 minutes, the phase analysis showed y = 17.5%, e = 20.6%, and 
a = 56.5%. By cooling down to sub-zero temperature it seems likely 
that y->e-*a transformation has occurred consistent with the 
observation of White and Honeycombe (17) who reported that e-phase 
formed by the y-*e transformation may be transformed to a by sub-zero 
treatment. Whether these transitions are good for impact properties, 
will be discussed later.
o\
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Metallographic Examination
Optical micrographs of alloy 137 (0.ITi+O.1A1) after being
solution-treated and thermally-cycled (ST1000°C/lh-WQ+IA +Ig+IIA +IIg)
are shown in figure 108. When etched in 2 pet Nital, the thermally-
cycled specimens showed chain-like alignment of etch pits delineating
the austenite grain- boundaries as shown in figure 108 (a,b^c,d).
Similar alignments are often seen in cast steels which are embrittled
due .to the presence of AlN inclusions (103). On the contrary, the
alloy K1525 which do not contain AlN or Ti^C,N) do not exhibit such
etch pit lines even though alloy Kl52ST has also been thermally-cycled
in the similar manner. Optical micrograph shown m  figure 108 is an
example for comparison with those shown in figure 97. In addition to
the precipitation of these AIN, TiC, Ti(C,Nj, the formation of
reverted austenite is believed to occur preferentially at the prior-
austenite g r a m  boundaries and one of the usual morphologies (140),
it consists of a bead-like particles in the grain boundaries. The
lighter phase along the grain boundaries in optical micrograph shown
in figure 108, is thought to be reverted austenite. a s  the X-ray
analysis showed the formation of considerable amount of reverted y,
e-martensite, a-phase, so it was decided to do stain-etching using
the Schumann's (29) technique of light etch with 2 pet Nital followed
sodiunby immersion in 30 pet aquous solution of -thiosulphate and 
diun meta-bisulphite. Schumann found blue-brown and yellow phases 
with a-as blue, y as brown and e-phase gives yellow colour. The 
grain boundary network did in fact etch brown/yellow indicating tne 
presence o f y a n d  e. The optical micrographs shown in figure 109 
shows grain boundary network fairly darker along with clearly iden­
tified precipitation of nitrides and carbonitrides.
Fracture Surfaces Examination
The scanning electron fractograpns of the fracture surface of
alloy 157 after being thermally cycled are shown in figure 110-112. 
Examination of these impact specimens, having been fractured below 
the transition temperature, revealed various fracture modes 
depending upon the %age phases present. As the X-ray diffraction 
analysis have shown that after thermal-cycling treatment, the alloy 
consisted of triple-phase microstructure containing y = 39.6%, 
e = 20.6%, a = 39.8% at R.T. but at -196°C it consisted of 
y = 17.5%, e = 26.0% and a = 56.5% thus at low temperatures below 
the transition the fracture mode will be governed by the amount 
of phases stable at sub-zero temperature and phases transformed 
by mechanical deformation during testing. The fracture mode shown 
in figure 110(a) shows cleavage and ductile. It seems as if 
ductile region follows irregular network all over the fracture 
surface blunting the cleavage crack propagation. This could be 
because of the presence of (y+e) phase mixture. Another important 
feature to note is the presence of A1 rich (Fig 110), Ti rich 
(Fig 111), precipitates in the close vicinity of ductile phases. 
This once again confirms that decoration of precipitates of AIN, 
TiC, Ti(C,N) and bead-like formation of reverted austenite network 
lies preferentially along the austenite grain-boundaries as shown 
in the optical micrographs in figures 108, 109. The X-ray 
spectra taken from the fracture surfaces is shown in figs 1 1 0 (b), 
111(b), 112(b). The precipitates identified were richer in A 1 ,
Ti and S presumably thought to be AIN, Ti(C,N), MnS.
4.2.3 Effect of Aging at 450°C on Thermally-cycled Alloy
an increase
As the alloy K1525 showed . in the degree of embrittle­
ment on aging at 450°C so it was decided to study the resistance 
of thermally-cycled alloy to embrittlement by tensile-ductility 
tests on aging this alloy at 450°C.,
Tables XXI, XXII summarises the results in this alloy.
Tensile Data
In alloy K1525, after being subjected to thermal-cycling 
treatment, drop in R.A. was measured as a function of aging time at 
450°C. Specinenc were tooted &t ~78°C
at a strain rate of 0.5 min“ 1. The tensile ductility was 
measured after 10 mins, 1 hour and 2 hours of aging at 450°C but 
no drop in R.A. was found. On the other hand before thermal 
cycling the alloy showed severe embrittlement with R.A. dropped to 
0% on aging for 5 minutes at 450°C. Engineering stress-elongation 
curves for alloy aged for 10 minutes, 1 hour and 2 hours at 450 C 
are shown in figure 72. It seems by comparing these curves in 
view of the percentage phase-analysis results, that as the load 
is increased, the y+e+a transformations occur resulting in the 
change in slope of the curve and after certain load the slope of 
the curve is almost parallel to each other in differently aged 
condition having difference in percentage phases. The slope of 
the curve after passing through the maximum load is again almost the 
same down to fracture even with more or less the same fracture 
strength. Out of these studies, it seems as e-phase formed by the 
y^ -e transformation may be transformed to a by cold working on 
mechanical deformation as reported by Parr (lb), White and 
Honeycombe (17) or by sub-zero treatment, reported by Cina (18) 
and Schumann (29).
Hardness Data
Table XXI summarises the variation in hardness on aging at 
450°C in alloy K1525 after thermal cycling treatment at R.T. and 
at -78°C. The hardness value seems to increase with increase in 
the amount of c-phase which is suggested in literature (4) to be 
a harder phase. As the variation in phase analysis occur on aging 
at 450°C, thus the changes in hardness are mainly thought to be
due to phase changes.
X-ray Diffraction Analysis
Phase-transformation studies on aging alloy K1525 at 450°C
after thermal cycling treatment are shown in Table XII. It is
interesting to note that in the first ten minutes, the phase
changes are considerable, amount of y increased from 8.0% to 12.5%,
epsilon martensite decreased from 24.7% to 11.8% while ct-martens ite
increased from 67.3% to 75.7%. After 1 hour, the amount of a
remains more or less the same, but there occurs transition between
Y and epsilon martensite. Amount of c-martensite increases to
14.5% while amount of y decreases to 9.5% which indicated y+e
transformation0 0 0  axuer a£inG l hour at 450°C. Again on
further aging to 2 hours, the situation becomes very interesting,
amount of y remains nearly 1 0 .6 % but c-phase decreases to 8 .8 %
thewhile a-martensite increases to 80.5% showing thatfre-*a transform­
ation has occurred. It seems likely that y+e+a transformations
This result is
have been thermally activated . consistent with reported by
observations
Cina (18) and Schumann (29) who found that a low-temperature 
annealing treatment gave rise to an initial increase in c-phase 
due to decomposition of retained austenite. As the tensile-ductili 
to measure the R.A. was carried out at -78°C so the stability of 
these phase-transformation products were checked at -78°C by 
keeping the specimen after being aged for 2 hours at 450°C, in 
cardice and acetone mixture for 15 minutes. The phase analysis 
was found to be y = 6.0%, e = 9.5%, a = 84.5%. It appears that y 
has been decreased by 4.0% while a has been increased by the same 
amount.
4.2.4, Effect of aging at 450°C on thermally-cycled alloy with
Ti and A1 additions
In order to study the effect of grain refinement and phase-
transformations on embrittlement in the presence of O.lTi and 0.1A1, 
the alloy 137, after being solution treated and thermally cycled 
was subjected to embrittling treatment at 450°C for 6 minutes and 
the results are summarised below.
Impact Data
In figure 73, at 30.OJ, the impact transition temperature was 
more or less the same before aging at 450°C and after aging for 
6 minutes at 450°C ie -50°C.
Hardness Data
The hardness values Hv 30 after these various thermal treat­
ments were very interesting. After solution-treatment of 1000°C/
1 hour and WQ the Hv 30 = 243.5 ± 5 at room temperature but after 
thermal-cycling treatment ie (ST-WQ+I^+Ig+II^+II^) it rose to 
Hv30 = 332.8 ± 5. This increase in hardness could be attributed to 
grain refinement from 60-70 ym to 10-15 ym and phase transformations
to y = 39.61, e = 20.6% and a = 39.8%. On further aging at 450°C,
this thermally-cycled alloy having multiple-phases, the hardness 
dropped slightly from Hv 3 0 = 532.8 ± 5 to Hv30 = 522.0 ± 5. No 
difference in grain size was noticed but a slight change in phase 
transformations occurred and it resulted in y = 41.61, £ = 29.7%, 
a = 28.7% at 20°C. The various phase transformations are summarised 
below.
X-ray Diffraction Analysis
X-ray diffraction analysis results in alloy 137 on thermal 
cycling and on aging at 450°C after being thermally cycled have
been summarized in Table XIII. The results were very interesting 
at different temperatures of holding. The phase transformations 
of alloy after being solution treated at 1000°C/1 hour - WQ + 1^ + 
Ig + 11^ + Ilg + 6 minutes at 450°C consisted of y = 416.%, £ = 
29.7%, a = 28.7% at room temperature. At -78°C, the amount of 
e-martensite decreased with a slight increase in y and a-martensite 
and phase analysis consisted of y =44.8%, e = 21.7%, a = 33.5%.
At -196°C, the phases were analysed as y = 12.4%, e = 41.9% and 
a = 45.7%. Thus a significant decrease in the amount of y occurred 
while s-martensite and a-martensite increased on refrigeration. 
These transformations have possibly occurred through y-*-e->a transi­
tions depending upon the stability of y reverted austenite and 
epsilon martensite.
5.0 DISCUSSION
5.1 Embrittlement Mechanisms in Fe-Mn Alloys
5.1.1 Intergranular embrittlement in quenched alloys
Bolton (1,3) and later Freeman (4) found that the Fe-Mn alloys 
containing between 4-10% Mn in the lath-martensite condition 
exhibited brittleness in as-quenched condition due to a weakness 
at prior-austenite grain boundaries. Bolton (3) suggested that 
the segregation of some harmful impurities might have occurred 
during austenitization and led to the potential weakening of the 
grain boundaries in the subsequently quenched condition. Freeman 
also reported that, in the 10% Mn alloy, enhancement of 
embrittlement occurred in the normalized condition but even on 
water quenching the brittle fracture mode was still intergranular. 
In contrast wTith these results, Roberts (7) did not find inter­
granular brittleness in his alloys. However, the results of the 
present investigation table XIX are in agreement with both these 
previous observations (1,3,4,7). Alloys K1525 (0.003N), 134 
(0.03N) showed intergranular brittleness in the as water quenched 
condition in agreement with Bolton (1) and Freeman (4) whereas 
alloys 134 (0.03N) and*137 (0.03N, O.lTi, 0.1A1) showed also 
cleavage fractures in agreement with Robert (7) on ice-brine 
quenching. The same alloys 134 and 137 also showed completely 
intergranular fractures on air -cooling as wras found by Freeman (4).
Water-Quenched Alloys
In alloy K1525 it is shown (Table XIX) that the inter­
granular fractures were associated with segregation of nitrogen 
(v2.3 ± 1.5 atomic %). However, some AES specimens also showed 
the presence of P but the build up of N was detected consistently 
on the intergranular facets.
Alloy K1525 also showed the presence of C on brittle grain 
boundaries and ion bombardment revealed a de-segregation of this 
element in the vacinity of the boundary, figure 57. According to 
recent French work (8 6 ) C segregation to grain boundaries is 
considered to strengthen the grain boundaries and reduce embrittle­
ment. It is therefore concluded that a possible contributing 
factor in the intergranular fracture of K1525 on water quenching is 
de-segregation of C at grain boundaries as well as segregation of 
N. However, these results must be treated with caution as it is 
possible that the C signal in the AES spectra could have risen from 
contamination in the AES apparatus.
In addition sulphur was also detected on grain boundary AES 
spectra of K1525, although it seems likely that the sulphur signal 
probably originated at MnS particles which were present on the 
intergranular areas. From these results it seems likely that 
segregation of nitrogen to prior-austenite grain boundaries is 
the main embrittling effect in water-quenched alloys. The increase 
of N at the grain boundaries reduces the inter-facial energy and 
promotes intergranular low energy fracture. Support for the seg­
regation of N to prior austenite grain boundaries is also provided
by the work of Krahe and Guttmann (151) in an Fe-1.92%Mn-0.2%C 
alloy. Wilson and McMahon (69) also report P and N on brittle 
prior-austenite grain boundaries in a water-quenched Fe-I21f±-6Mn 
alloy. Rees and Hopkins (89), Tipler (57) in the early NPL work 
on pure iron also suggest that segregation of N and P could also be 
responsible for intergranular brittleness in their iron-base alloys.
The driving force for segregation of N to prior austenite
grain boundaries could be due to three factors.
(a) The misfit strain of interstitial nitrogen in the austenite
lattice, which is more easily accommodated at grain boundaries.
(b) Reduced solid solubility of N during quenching.
(c) Chemical interaction with major alloying elements which have 
previously concentrated at the grain boundaries.
Since rapidly quenched alloys failed by cleavage it is unlikely 
that substantial segregation of N to grain boundaries occurred 
during austenitising. Also since the level of Mn on brittle grain 
boundaries was characteristic of the bulk, (c) did not occur. It 
therefore seems likely that a combination of (a) and (b) is respon­
sible for the segregation of N to prior austenite grain boundaries. 
Thiswill be particularly so when the y/ (a + y) solvus is crossed and 
austenite is metastable. Segregation to austenite grain boundaries 
of impurities will containue in this metastable austenite down 
to the Ms temperature ^355°C. At M s many other sinks such as packet 
boundaries, interlath boundaries and dislocations would arise for 
impurities. In other words the misfit due to these impurity atoms 
(P and in particular N) would then be accommodated in all the 
martensitic boundaries.
Ice brine-quenched alloys
All the ice brine-quenched alloys failed by a quasi-cleavage 
mode below the DBTT. Thus it appears that the quench rate has 
been sufficiently fast to prevent impurity segregation, particularly 
N, to prior austenite grain boundaries during the quench.
However, at the M g temperature and below the cooling rate will 
slow down due mainly to the release of latent heat of transformation 
and the smaller temperature difference between the material and the 
quenching media. Thus it is possible that segregation of impurities 
to all the martensite boundaries could also occur below M s . Support
for this is provided by the AES finding of 2.37 atomic % N on 
cleavage facets in alloy 134 (0.03 mass % N, 0.12 atomic % N) 
after ice brine-quenching from 900°C. Spluttering back the cleavage 
facet reduced this to 0.18 atomic % more characteristic of the bulk 
(0.12 atomic %). Variations in nitrogen content were observed by 
AES from facet to facet, for example in one case 1.73 atomic %, 
nevertheless they were all above the bulk level of 0.12 atomic %.
Similarly in alloy 137 containing 0.1 Ti and 0.1 Al, 1.2 
atomic % N was observed on a facet by AES compared with a bulk 
level of 0.12 atomic %. In this case some of the nitrogen will be 
tied up as TiN and AIN, reducing the amount of free nitrogen availabl 
for segregation.
Although the observation of enhanced N concentration 
on cleavage facets above the bulk lies within the error band 
± 1.5 atomic % N, it is thought that this is real effect and the 
explanation advanced here for this is a credible one.
Recently Kalish and Rack (105) reported a similar situation 
where the severity of embrittlement in 181 Ni maraging steel was 
found to increase with decreasing cooling rate after 
solution treatment. The major loss in toughness was 
thought to be associated with diffusion of interstitial impurity 
atoms to the austenite grain boundaries in the metastable y field 
during cooling. The brittle fracture mode in such steel was found 
to be intergranular on air cooling whereas on water quenching 
it changed to quasi-cleavage.
In summary, the as-quenched brittleness in Fe-Mn alloys 
in the present investigation was mainly because of N segregation 
to the austenite grain' boundaries in the metastable y field on
water quenching. These results are in agreement with the observations 
of (69,89,148).
On ice brine quenching, segregation of N to prior austenite 
grain boundaries is thought to be avoided or at least considerably 
reduced while in the metastable y field. However segregation 
of N is thought to occur to all high angle boundaries below 
M giving rise to quasi-cleavage brittle fracture with an enhanced 
N level at such fracture surfaces.
5.1.2 Intergranular Embrittlement in Air-cooled alloys
The work on alloys 134 (0.03N) and 137 (0.03N, O.lTi, 0.1A1) 
has shown that brittle fracture by cleavage can occur in Fe-8.01 Mn 
alloys on ice-brine quenching in agreement with Roberts (7). In 
contrast to this intergranular fractures could be induced in these 
alloys by air cooling from the austenitizing treatments as was found 
by Freeman (4) in lOMn alloys. The rise in ductile brittle 
transition temperature of nearly 350°C occurred in alloy 134 (0.03N) 
on air cooling from that on ice-brine quenching as shown in figure 32. 
The hardness data also showed a slight rise in hardness (^10HV30) on 
air' cooling, but this small rise in hardness is unlikely to explain 
completely the large shift of 350°C in DBTT.
Similarly alloy 137 (0.03N-0.ITi-O.1A1) showed a rise in DBTT 
of nearly 150°C on air-cooling from that on ice-brine quenching 
(figure 33), the rise in hardness being ^ISHV^q . Evidently the / 
magnitude of embrittlement was more in alloy 134 than that in alloy 
137 and this could be understood by a decrease in the amount of free 
N in solid solution and partly from the grain refinement in alloy 
137 (65-70 ym to 40-45 ym).
Recently, Nickbaht (150) has investigated embrittlement in 
high purity Fe-8.0Mn alloys containing 0.008%N. One alloy was a 
pure binary, 181, while the other alloy 193, contained 0.1% Ti and 
0.1% A1 to scavenge residual C & N. Both alloys exhibited a 
brittle quasi-cleavage fracture mode after an ice brine quench from 
900°C, and intergranular fractures below the DBTT on air-cooling. 
Alloy 181 (0.008N) showed a rise of 50°C in the DBTT from 70°C to 
120°C on air cooling and alloy 193 (0.008N-0.ITi-O.1A1) a rise of 
85°C in the DBTT from 25°C to 110°C. Clearly the severe 
embrittlement exhibited by alloy 134 (0.03N) on air cooling is due 
to the high nitrogen content, although the larger rise in DBTT of 
85°C by alloy 193 (0.008N-0.ITi-O.1A1) compared with 50°C in alloy 
181 (0.008N) is anomalous. This effect of N is further illustrated 
in figure 39 showing a drop of nearly 250°C in DBTT by 
decreasing the amount of N from 0.03% in alloy 134- to 0.008% in alloy 
181, both alloys being in the air cooled condition, exhibiting 
completely intergranular fracture below the DBTT.
Carbon extraction replicas failed to show any sign of second 
phase particles on the smooth intergranular fractures of alloy 134, 
figure 85.
Auger analysis of brittle grain boundaries of alloy 134 in the 
air-cooled condition showed segregation of N and Mn, and in one case 
desegregation of C, table XV. Ion-profiling showed that this seg­
regation was confined to the first few monolayers of the fracture 
surface. The results of AES analysis in alloys 134 and 137 are 
summarized in table XVI. Figure 63 shows that the segregation of Mn 
and N to prior austenite grain boundaries is associative, larger 
concentrations of Mn being associated with higher concentrations 
of N. While figure 64 shows that in turn, the DBTT depends on the
concentration of Mn and N at the grain boundaries. It seems very 
clear that in all the alloys on air cooling the larger shift in 
DBTT was mainly associated with enhancement in grain boundary 
concentration of Mn and N.
Since water quenched alloys do not exhibit an increase in 
manganese concentration at brittle grain boundaries, it is 
postulated that segregation of Mn and N to austenite boundaries has 
occurred during air cooling while austenite is in the metastable 
condition.
The possible driving forces for segregation of Mn could be 
as follows:
(a) The grain boundary segregation of N would occur by the
mechanisms discussed in section 5.1.1 under water quenched
alloys. Due to the strong chemical interaction between Mn
and N (95), Mn atoms would be attracted by the N atoms, to
the grain boundaries, thus lowering the chemical potential
of the system. Evidence for a strong Mn-N interaction was
first reported by Fuller and Garwood (96) who reported a
strong secondary hardening peak due to precipitation of M n g ^  
Fe-Mn-IT
on tempering^martensites’at 450 C. figure 24
(b) The second driving force available in the system could be
the equilibrium segregation of Mn to the prior austenite grain
boundaries during cooling through the phase field*
However, the bulk reaction y(metastable)*>(a + y) equilibrium 
is extremely slow in the Fe-Mn system (145)
The present results are in agreement with no Mn segregation
in the stable y field (147,151) but with segregation of Mn in the 
metastable austenite and (a + y) phase field with enhanced 
concentration of Mn and N at the austenitic grain boundaries.
In summary it is suggested that the embrittlement in as water 
quenched Fe-8.01 Mn alloy was mainly because of segregation of N to 
austenite grain boundaries, but some specimens did show the presence 
P as well. The embrittlement is further enhanced on air-cooling 
with segregation of N and Mn in the metastable austenite and (a + y) 
phase field.
5.1.3 Embrittlement on aging at 450°C
Bolton first reported (1,3) that the embrittlement in Fe-Mn 
alloys became more marked when the alloys were tempered between 
250-450°C. Later, Squires (68) also observed embrittlement on 
aging between 300°C and 500°C in Fe-Ni-Mn maraging alloys. This 
embrittlement was studied by tensile ductility tests and found to 
be a maximum at 450°C. Thus in the present investigation it was 
decided to examine the effect of aging at 450°C on embrittlement.
All the alloys K1525 (0.003N), 134 (0.03N) and 137 (0.03N-0.ITi- 
0.1A1) showed enhancement in the degree of embrittlement on aging 
at 450°C.
These experimental results will be first discussed individually 
and then related to the degree of embrittlement experienced on 
aging. Also included in the discussion will be Nickbaht’s result 
on low nitrogen alloys 181 (0.008IN) and 193 (0.008%N-0.l%Ti- 
0.1%A1), figure 47,48.
Hardness of Alloys
In the as quenched condition the high purity alloy K1525 had a
hardness of 258±5 HV30, alloy 134 (0.03N) 289±6HV50 and alloy 
137 (0.03N-0.ITi-O.1A1) 253±5HV30, table XIX. Clearly the low 
hardness of K1525 and 137 is due to the lower level of interstitial 
solid solution. Alloy K1525 contains 0.003N and 0.004C and the Ti 
and A1 additions in alloy 137 will have scavenged the interstitials 
in this alloy to very low levels.
On aging, maximum hardening was experienced in alloy K1525 
rising from 258 HV30 to a peak hardness of 272 HV30 in 12 minutes.
In the higher nitrogen alloy 134 (0.03IN) the hardness rose from 
289HV30 to a peak hardness of 300HV30 in 4 minutes. The rise in 
hardness of both alloys is presumably due to the precipitation of 
Mn3N2 as reported by Fuller and Garwood (96). The faster aging 
response of alloy 134 is due to the higher nitrogen content, 
although it is surprising that the rise in hardness in alloy 134 
is less than in K1525. It must be assumed that some of the
nitrogen in alloy 134 has segregated and/or precipitated in the 
martensite during the quench as suggested in section 5.1.1 under 
ice-brine quenched alloy/.
Little aging occurs in alloy 137 at 450°C, the hardness rising 
from 253HV30 to a peak of 258HV30 in 6 minutes. Evidently the Ti 
and A1 additions have reduced interstitials to very low levels.
The fall in hardness on overaging in all the alloys must be 
primarily due to recovery and possible recrystallisation of the lath 
martensitic structure. Coarsening of precipitates will also cause 
a decrease in hardness, particularly in alloy 137 where aluminium 
nitride and titanium carbo-nitrides are presumably present.
Hardness variations on aging in Nickbaht’s alloys have still 
to be determined.
Reverted Austenite
Reverted austenite was not detected until after 60 hours 
at 450°C in all the alloys. The formation of this phase will 
not therefore affect the embrittling kinetics, the maximum 
embrittling time examined being 10 hours at 450°C.
Degree of embrittlement on aging
Alloy K1525 (0.003N) embrittled very rapidly on aging at 450°C, 
with a drop in tensile ductility at -78°C to zero after 5 minutes 
at 450°C. The higher N alloy 134 (0.03N) also embrittled rapidly 
on aging at 450°C with a rise in DBTT from 40°C to 200°C in 6 minutes. 
In alloy 137 (0.03N) containing Ti and A1 additions, the rise in 
DBTT was less pronounced, from 10°C to 145°C in 6 minutes. In alloy 
181 (0.008N) the rise in DBTT on aging was considerable; from 
65°C to 330°C in 6 minutes. The rise in DBTT in alloy 193 (0.008N, 
O.lTi, 0.1A1), +30°C to +140°C in 6 minutes, was comparable to 
that in alloy 137.
In general the results suggest that embrittlement on aging is 
a maximum for some intermediate level of free nitrogen (alloy 181) 
and less for higher levels of N (alloy 134) or very low levels of N 
(alloys 137 and 193).
Subsequent changes in DBTT in all the alloys appeared to reflect 
changes in hardness, figure 46.
Brittle fracture mode
Alloy K1525 gave a completely intergranular brittle fracture 
mode along prior austenite grain boundaries on water quenching 
and the same type of brittle fracture mode on subsequent aging, 
figures 95, 96.
In alloy 134 the fracture mode changed from cleavage in the 
ice-brine quenched state to 5-10%IG and cleavage after 6 minutes 
at 450°C (figure 85). But the percentage intergranular mode 
increased to 15 pet after 1 hour and remained the same till 10 
hours of aging (figure 90,91).
In contrast, alloy 137 showed a rapid change in fracture 
mode from predominantly cleavage in the ice-brine quenched state 
(figure 85) to 50%IG after 6 minutes of aging (figure 92) to 
almost 90%IG aft«r 1 hour of aging (figure 93). The percentage 
of each fracture mode remained the same till 1 0  hours of aging 
(figure 94) .
Alloys 181 and 193 showed completely intergranular fractures 
below the DBTT on aging.(150)
AES Results
The grain boundary concentration of Mn, P and N in alloy 
K1525 as a function of aging time at 450°C is shown in figure 57.
A rapid grainboundary enrichment of Mn is observed accompanied by 
a slight rise in N content. After 1.5 minutes, P starts appearing 
in the AES spectra but builds up at a slower rate than that of Mn 
and N. The Mn level approaches that of equilibrium austenite 
(24 atomic % at 450°C). Reverted austenite (equilibrium austenite) 
has been reported as forming at prior austenite grain boundaries and 
inter-lath boundaries in 18%Ni maraging steels (25) . Clearly one 
of the major driving forces for segregation of Mn to prior 
austenite grain boundaries is this tendency to form equilibrium 
reverted austenite at such sites, as discussed in section 5.1.1.
Inoue reported segregation of P atoms during austenitising in
a Fe-Mn-P alloy. He suggested that Mn could segregate to the 
prior austenite grain boundaries during tempering in the ferrite 
range due to a P-Mn interaction (147). Although such an interaction 
will increase the rate of Mn segregation to boundaries, it is now 
clear that for steels containing a reasonable level of manganese 
(greater than the solid solubility level of Mn at 450°C), 
segregation of Mn to high angle boundaries will occur on its own 
as a preliminary step in the formation of reverted austenite at 
such sites.
Guttmann’s work (151) on Sb- doped Mn steel shows that both 
Mn and Sb segregate simultaneously to all the boundaries in ferrite 
but failure occurs along prior austenite grain boundaries because 
these are paths of easiest fracture propagation (151). Clearly, 
once again, although there exists a Mn-Sb interaction manganese 
will segregate on its own for the reasons discussed previously,/e
ker-lath boundaries!6^  aUstenite at Prior-austenite grain boundaries 
Alloys 134 (0.03N) and 137 (0.03N-0.ITi-O.1A1) have a lower
level of P than K152 5 (0.003N) and no P was detected in AES spectra
of these alloys. Instead Mn and N were detected on fracture
surfaces. Figure 67 gives the comparative picture of the fracture
surface concentrations of Mn and N in alloys 134 and 137 after ice-
brine quenching and aging at 450°C. It is clearly shown that the
overall level of Mn segregation to the fracture surface is more in
alloy 137 than in alloy 134 which could account for the greater
percentage of intergranular fracture mode in alloy 137 than in
alloy 134.
However this difference in Mn concentration between alloy 134 
and 137 should be interpreted with caution for the following 
reasons. There is a low percentage of intergranular fracture
(>10%) in alloy 134. Although the fracture surface concentration 
was calculated from the maximum AES signal, it is possible that the 
AES signal could have arisen from cleavage facets rather than inter­
granular surfaces. It seems reasonable to assume that the concen­
tration of Mn would be less on cleavage facets rather than inter­
granular surfaces.
Alloy 137 (0.03N, O.lTi, 0.1A1) shows a drop in Mn and N level 
on fracture surfaces after 10 hours aging at 450°C. This could be
from cleavage portion of the fracture surface. However these 
results were only obtained on one specimen and need to be confirmed.
The nitrogen level on aging alloy 134 (0.03N) appears greater 
than that in alloy 137 (0.03N, O.lTi, 0.1A1). This is presumably 
due to the presence of Ti and A1 in alloy 137 scavenging N to 
low levels.
AES spectra on alloys 181 and 193 have yet to be determined.
General discussion of embrittlement on aging at 450°C
The maximum rise in hardness on aging the alloys at 450°C 
was 14HV30 in K1525, and was even less in the other alloys. It is 
thought that this small rise is unlikely to account for the large 
rise in DBTT on aging and embrittlement must be due to segregation 
of alloying elements and impurities to boundaries within the 
structure.
On comparison of segregation behaviour of Mn and N in alloys
K1525 (0.003%N), 134 (0.03%N) and 137 (0.03%N-0.1%Ti-0.1%A1) on
aging at 450°C, it appears that Mn segregation will take plaice on its own,
3ut N will j ________ __
segregate to the, boundaries due to a strong Mn-N interaction (96)/
provided there is a small amount of N present in solid solution 
of ferrite. Support for this is available by comparison of Mn and 
N built-up in aging in alloy K1525 (0.003%N) and 137 (0.03IN, O.llTi
0.1IA1) figures 57 and 6 6 . It appears that in both these alloys 
on aging at 450°C, Mn atoms segregate more freely and the concen­
tration build up approaches the equilibrium concentration (-24 
atomic % at 450°C).
In alloy K1525 the embrittling effect of Mn at 450°C was enhanc 
at y-y boundaries because of N availability at these boundaries 
in the as water quenched condition (this alloy showed intergranular 
fracture in the water quenched condition prior to aging).
In alloy 137, the amount of Mn segregated was high enough 
to cause intergranular fragility (50-60IIG) on aging at 450°C with 
a rise in DBTT ^135°C in six minutes (this alloy showed quasi­
cleavage fracture mode on ice-brine quenching with a low DBTT ^10°C 
prior to aging).
In alloy 134 on aging at 450°C the rise in DBTT occurs with pre 
dominantly cleavage fracture mode below the transition. This 
behaviour is puzzling. It is possible that at high N levels, 
clustering of Mn and N atoms occurs within the grains rather than 
segregation to grain boundaries on aging at 450°C. Evidence for 
this is provided by the double peak in the age hardening curve of 
alloy 134, figure 42. Presumably the first aging peak is due to 
the formation of an iron nitride, while the second peak is due 
to the formation of a secondary alloy nitride, Mn^K^. However at 
present there is no direct evidence for the precipitation of Mn 3 N 2 
in alloy 134 during aging. The rise in percentage intergranular 
fracture on further aging alloy 134 at 450°C (5% to 151 IG after
10 hours) could be due to segregation of Mn to grain boundaries at 
a latter stage of aging. Evidence for this is provided by the 
increase in Mn concentration at fracture surfaces given by the 
AES spectra at longer aging times.
The extremely rapid embrittlement in alloy 181 (0.008N) 
on aging compared with 134 (0.03N) figure 41 also suggests that 
a small amount of N in solid solution may cause more embrittlement 
than a high level. Alloy 181 also showed mainly intergranular 
fracture on aging, while the high N alloy 134 only showed 10-15% IG 
on aging. As suggested previously it is thought that in the high 
N alloy 134 a strong Mn-N interaction occurs within the grains 
before segregation of Mn to grain boundaries.
The fact that alloy 181 (0.008N) de-embrittles on aging 
faster than alloy 134 (O.O^N) , figure 49, may be due to greater 
segregation of Mn to grain boundaries in alloy 181 compared with 
134. Thus it ’is possible that the same embrittled boundaries in 181 
start becoming de-embrittled earlier due to the greater concentration 
of Mn and a tendency to form reverted austenite at such boundaries 
at an earlier stage on aging. However these suggestions are very 
speculative and await confirmation by AES measurements on alloy 181.
In contrast to alloy 181, alloys 193 (0.008N, O.lTi, 0.1A1) and 
137 (0.03N, O.lTi, 0.1A1) showed more or less the same shift in DBTT 
on aging at 450°C. The amount of free N in solid solution in these 
alloys on quenching from 900°C will be very small due to the 
scavenging effect of Ti and A1 to form TiN and AIN. Thus at 
these very low levels of N, embrittling on aging is quite low.
In addition the smaller grain size of these alloys (40-45 ym in alloy 
137) compared with 134 (65-70 ym) and 181 will reduce the degree
of embrittlement due to segregation of Mn and N to grain 
boundaries.
As stated previously it is now fairly clear that Mn will 
segregate on its own to all the boundaries in ferrite on aging at 
450°C. Whether segregation of Mn can cause embrittlement per
se is not so clear although the results on alloys 137 and 193 suggest
f n a y .  H o w e v e r ,  t h e s e  r e s u l t s  d o  n o t  e l i m i n a t e  a M n - N  i n t e r a c t i o n  b e i n g  r e s p o n s i b l e  
f o r  e m b r i t t l e m e n t .  T h i s  i s  b e c a u s e  t h e r e  w i l l  b e  a s m a l l  b u t  s i g n i f i c a n t  l e v e l  o f  
n i c r c g e n  l e f t  i n  s o l i d  s o l u t i o n  a f t e r  q u e n c h i n g  a l l o y s  1 37 a n d  1 2 3  f r o m  9 0 0 ° C ,  w h i c h
m a y  s e g r e g a t e  t o  b o u n d a r y  s i t e s  o n  a g i n g  a t  45 0 ° C .
In summary, it is suggested that the embrittlement in Fe-8 .CHMn 
alloys is enhanced on aging at 450°C and AES analysis suggest 
that it is associated with the build up of Mn and N and sometimes 
P at the embrittled grain boundaries.
5.1.4 Phase transformations on aging between 450-650 C
The phase transformations to reverted austenite and epsilon 
martensite on isothermal holding between 450-650°C have been 
plotted in figure 53 and tabulated in tables VIII-X. The basic 
reason for the study of these phase transformations between this 
temperature range was
reactions(1 ) to ensure that embrittlement 3 1 were only occurring in 
the a-phase
(2 ) to examine their effect on de-embrittlement at temperatures 
above 500°C.
As shown in figure 53, the reverted austenite was only 
detected after 60 hours of aging at 450°C, but no epsilon 
martensite was-found. Since the longest embrittlement time was 
10 hours at 450°C (section 5.1.3), thus it would not be affected 
by the formation of reverted austenite and epsilon martensite.
The results above 550UC, figure 53, show that the percentage 
of e-phase first increases and then decreases as the percentage 
of y increases. The amounts of these phases increases with 
temperature as does the speed at which they form. The fact that 
the amount of e decreases while the amount of y increases is con­
sistent with the fact that e forms from y. Overall the results 
are in agreement with those of the Russian workers (37) in quenched 
alloys containing 6 to 8.4!Mn after annealing between 600-625°C in 
the (a + y) phase region.
On tempering above 500°C, considerable amounts of reverted 
austenite and epsilon martensite were produced. Schumann (29) and 
Charushnikova (66) have reported the beneficial effects on impact 
toughness of similar heat treatments to produce such phases in 
Fe-Mn alloys. Presumably these phases act as ductile areas to 
arrest the.propagation of brittle cracks and/or sinks for 
embrittling impurities such as N. Bolton (3) reports an 
improvement in impact toughness of Fe-Mn alloys by tempering for 
1 hour at 600°C and suggests that this is due to de-segregation of 
impurity elements at prior-austenite grain boundaries. It is now 
evident that although de-segregation may occur, the main de- 
embrittling effect is due to the formation of reverted austenite 
and epsilon martensite. Freeman (4) also concludes that the 
formation of reverted austenite and epsilon martensite above 520°C 
improves impact toughness.
5.1.5 Kinetics of Embrittlement
Since any hardening of the alloy during aging will affect the 
kinetics of embrittlement to some extent, the variation in hardness 
in alloy K1525 with time was studied at 350°C, 400°C and 450°C,
figure 50, as well as tensile ductility tests, figure 54. At 
450°C the hardness rose by ^12HV30 in 10-12 minutes, while the 
tensile ductility dropped to zero after 5 minutes.
In order to examine the interrelation of hardening with 
embrittlement the data was plotted in an Arrhenius form, figure 
52. The activation energy for hardening, 147 kJ/gm.atom in this 
alloy appears to be close to the values of activation energies 
reported for hardening in nickel maraging steels, 126-189 kJ/gm.atom 
(136). In both cases hardening will be controlled by diffusion 
of substitutional elements in lath martensite: diffusion of 
manganese in alloy K1525 to form M n g ^ ,  and diffusion of nickel 
in the case of maraging steels to form intermetallics.
The lower value of activation energy for embrittlement,
77 kJ/gm.atom, suggests that the embrittlement during aging is 
not mainly due to hardening or diffusion of manganese to grain 
boundaries. The particular value of the activation energy is 
closer to that of diffusion of interstitials in ferrite.
Hume i Rothery (169) gives an activation energy value of
80.4 kJ/gm.atom for diffusion of C in a-Fe and 76.2 kJ/gm.atom for 
diffusion of N in a-Fe. Examination of figure 57 shows a slight 
rise in the N concentration at brittle grain boundaries on aging. 
Although such a rise is within the error band, it seems plausible 
that the N concentration at the boundaries is rising with aging 
time and that diffusion of N in ferrite is the main rate controlling 
factor in embrittlement.
Capus (63) reported embrittling effects of N in Ni-Cr steels, 
figure 22, as did Rees and Hopkins (89) in high purity Fe-N 
alloys. H C Feng et al (69) reported N on brittle prior
austenite grain boundaries on aging an Fe-12Ni-6Mn maraging type alloy 
at 450°C although its significance was not realised at that time.
The AES spectra published in Guttmann's work of 1973 (151) showed a 
slight build up of N but no reference was made to this, only to 
the segregation of Mn and Sb in ferrite during aging. However 
recently Guttmann clarified this point in his current publication 
on the Mn-N interaction (93) and suggested that in spite of N level 
being <10ppm, its segregation was noted along with segregation of 
Mn and Sb.
The work of Charasknikova et al (66) strongly supports the 
segregation of N iyicontrolling embrittlement in Fe-8.0Mn 
alloys. These workers found that the addition of Ti and Al to an 8.%Mn 
steel eliminated embrittlement below 350°C and suggested this was 
due to Ti and Al scavenging N. However grain boundary embrittlement 
still occurred between 400°C and 500°C which these workers 
attributed to temper embrittlement. The steels were quenched from 
820°C and then tempered for an unspecified time (presumably lh) 
at various temperatures.. Embrittlement between 400°C and 500°C 
could be due to diffusion of Mn and N to prior austenite grain 
boundaries as found in the present investigation. There will be 
a small but significant amount of N left in solid solution on 
quenging from 820°C even in the presence of Ti and Al which could 
segregate and cause embrittlement on tempering at 400°C and 500°C.
Another comparison with previous research (1, 14 7) can be made 
for the de-embrittlement effect above 550°C shown in figure 54.
Bolton (1) observed a drop in DBTT on holding at 600°C and 
suggested that the impurities causing embrittlement were de­
segregated and the embrittlement was a reversible, whereas 
Inoue (147) found that embrittlement in Fe-Mn alloys was irreversible.
In the present investigation, figure 54 suggests that de­
embrittlement above 550°C is occurring in ferrite and the shaded por­
tion indicates the formation of y and e phases on longer aging 
at the respective temperatures. It is noticed that the time gap 
between de-embrittling effect and the appearance of y and e phases 
is so short that it is suggested that at temperatures above 550°C 
because of faster diffusion of Mn to grain boundaries a thin film 
of reverted austenite is formed which causes de-embrittlement effect a 
a microscale but measurable amounts of these phases start appearing 
after 5-10 minutes. Thus in conflict with Bolton (1) the de­
embrittlement in Fe-Mn alloys is through formation of these ductile 
phases rather than thermal dispersal of any impurity. The present 
results are in agreement with Inoue (147) that embrittlement in such 
alloys is irreversible. It is suggested that the irreversible effect 
is through the presence of ductile phases.
In summary, the embrittlement in alloy K1525 during aging between 
300-650°C exhibited C-curve behaviour (figure 54). Its kinetics 
depend on several factors such as segregation of Mn, N and P and to 
a lesser extent changes in hardness. The main embrittlement effect 
is due to a strong Mn-N interaction at prior austenite grain 
boundaries.
De-embrittlement above the nose of the C-curve is thought to be 
mainly due to formation of reverted austenite and epsilon martensite.
Edwards and Bishop (170) have analysed the kinetics of the build 
up of Mn and P on grain boundaries of alloy K1525 (0.003N) on 
aging at 450°C, figure. 59.
For manganese segregation the approximate equation 2.2. (6) was 
used:
was taken as 24 atomic %, the equilibrium concentration of 
reverted austenite.
For phosphor o\s:.> segregation it was further assumed that 
<< and equation 2.2(7) was used:
1 -e - cbt ^ cbo ^
The results of the analysis are shown in figure 59.
Taking the grain boundary thickness, d as 2.9A, the derived 
coefficient for Mn turns out to be 2.0 x 10“ 18cm2/sec and for P 
2.0 x 10“ 15cm2/sec. These values are in good agreement with the 
predicted values of 0.1 3.6 x 10” 18cm2/sec for manganese and
5.7 x 10” 15cm2/sec for phosphorus^ using expressions obtained by
Irmer (153) and Gruzin (154) for the diffusion of Mn and P in ferrite
respectively.
Although one might expect slightly different values for 
diffusion coefficients than those for binary alloys due to the Mn-N 
and Mn-P interaction, such differences are thought to lie within 
the experimental error.
5.2 Thermal-Cycling Treatment of Fe-Mn Alloys
5.2.1 Influence of thermal-cycling treatment on cryogenic
mechanical properties of alloy K1525 (without Ti and Al 
additions)
Cryogenic Impact Properties
A primary objective in using thermal cycling treatments was 
to explore the feasibility of designing an Fe-8!Mn alloy for 
cryogenic purposes which should exhibit minimum embrittlement.
In the Fe-Mn system a variety of substructural changes 
occur during the transformation of austenite to ferrite as shown by 
Roberts (7). Bolton and Holden (2) showed that when the Mn content 
exceeded about 10 pet,austenitized and quenched, alloys exhibited 
(a+e) micro-structures. When the Mn content was increased beyond 
15 pet, y phase appeared and was resistant to transformation even 
when cooled to liquid nitrogen temperature. Thus by increasing 
the Mn content, mixed microstructures of (a+e+y) could be obtained 
which have been reported (32) to lower the DBTT but decrease the 
yield and tensile strength of Fe-Mn alloys as shown in figures 
6-10.
In contrast, triple-phase microstructures comprising of 
(a+e+y) were produced in alloy K1525 with 8% manganese by 
tempering, coupled with refinement of the prior-austenite grain 
size by thermal cycling (fig 68). Optical micrographs in figure 
98(a,b) shows refinement of the prior-austenite grain size to 
10-15 ym after thermal cycling treatment. Table XI summarises the 
results of X-ray diffraction on phase transformations by thermal 
cycling treatment in alloy K1525. It appeared that after the 
second cycle the y content had been slightly increased by -2.2% 
accompanied by a decrease in the amount of e-phase. This is
presumably due to an increase in the manganese content of the 
reverted austenite resulting in less transformation to e-martensite 
on cooling to room temperature. The Thermal cycling treatment 
resulted in the formation of favourable transformation products 
and with the attainment of a fine grain size, the ductile-brittle 
transition temperature was depressed from +115°C to -60°C.
'Tra -n .£ ^'r> iS S io 'T l
v electron micrographs in figures (102-105) show the 
appearance of interlath precipitation of reverted austenite and 
epsilon martensite developed by the thermal cycling treatment.
The technical basis of the cycling treatment has been discussed 
in section 4.2.1. Zackay (32) from his examination of the impact 
toughness and X-ray analysis of higher Mn alloys (12-20!Mn) 
concluded that the DBTT was lowered by 1.3°C per volume percent 
of (e+y)• In alloy K1525 after thermal cycling, the volume percent 
of phases was 8.0%y, 24.7le and 67.31a and the total shift in DBTT 
was ^175°C. Clearly this improved impact toughness of this alloy 
K1525 must be due to introduction of these ductile phases into the 
microstructure as well as grain refinement. Using Zackay’s 
analysis the shift in DBTT due to the formation of ductile phases 
(y+e) is ^45°C and -130°C due to grain-refinement, assuming the 
validity of Zackay’s model. This later figure (130°C), would 
appear to be rather large for grain refinement (7) alone and indi­
cates a synergistic interaction between grain refinement and the 
presence of (y+e) phases. From Roberts' work (figure 11) the 
reduction in grain size from 80-90 ym to 10-15 ym in the alloy 
K1525 should correspond to a shift in DBTT ^50°C.
The exact role of the (y+e) phases in reducing embrittlement 
is not clear. It has been suggested that:
(a) Austenite may act as a sink for impurities, in this case N, 
reducing embrittlement during heat treatment (25).
(b) The ductile phases (y+e) may act as crack arresters blunting
the propagation of brittle cracks (27,28,67).
(c) Transformation of austenite to a martensite and/or e martensite 
may occur during impact testing improving toughness (158).
In order to take full benefit of all these characteristics of 
austenite islands, the important factor is to make the austenite 
islands more stable, even at temperatures as low as -196°C, by 
either adding appropriate alloying elements or suitable heat 
treatments (27,28). In spite of the introduction of ductile phases
and grain-refinement in alloy K1525 after thermal cycling, its impact
energy value was negligible at liquid nitrogen temperature, although 
reverted austenite was stable down to -196°C as shown in Table XI.
Zackay et al (32) achieved better impact toughness in their 
alloy Fe-12Ni-0.25Ti compared with the present investigation. This 
must partly be due to the finer grain size (0.5-2ym) achieved by 
these workers. However another factor must be the solid solution 
effect of Ni on the DBTT (33). In the case of Fe-Mn alloys it has 
been concluded (7) that Mn does not exert a similar effect on 
the DBTT. In fact Mn in solid solution in ferrite neither raises 
nor lowers the DBTT per se, but only through its effect on 
microstructure. There is clearly scope for increasing the low 
temperature toughness of Fe-Mn alloys if further grain refinements 
could be achieved.
Zackay (140) reported that with multiple cycles the austenite 
was apparently stabilized and retained a t #room-temperature in several 
unusual morphologies. Oneof.these^consisted of bead-like particles 
in the grain-boundaries as was observed in the present investigation
in alloy K1525 (figure 97,98) where the bead-like network of
reverted austenite delineates the prior austenite grains. However,
Zackay has not confirmed this observation by TEM studies.
Presently, TEM Studies are being made to confirm this bead-like
morphology of reverted austenite in alloy K1525 after thermal
cycling treatment. Freeman (4) observed with the help of
transmission electron microscopy that austenite could appear as
thin long bands and small islands separated by regions of recovered
ferrite in 10%Mn alloy on tempering at 520°C for 10 hours. On
tempering at 620°C, both y and e phases were found as precipitates
at d lath-boundaries. The transmission electron microscopic
CoY,<di&tfA . ,studies in alloy K1525 in the thermally-cycled r . agrees with
these observations (4). Figure 102 shows the interlath precipitation 
of y and e phases with a dislocation substructure in the d laths 
radically changed from that shown in figure 101. The effects of 
annealing in straightening of dislocation lines are evident. The 
austenite also lies along the former lath boundaries (figure 104) 
consistent with the observations of Freeman (4).
Bolton (1) and Freeman (4) sought to improve toughness by 
first ice-brine quenching from the austenitizing temperature and 
then tempering at 575-620°C for 10 hours followed by quenching 
from the tempering treatment. This led to improvements in low- 
temperature toughness with decline in strength in lOMn alloy.
In the present investigation in alloy K1525 it should be noted that 
during the thermal cycling treatment employed (2h, 740°C-AC;xk, 
655°C-AC;2h,740°C-AC-2h; 655°C-AC) the alloy has been subjected 
to air cooling continuously ie the condition of maximum embrittle­
ment as confirmed by alloy 134 and alloy 181. Above all, the 
solution treatment used was lh at 1000°C before cycling only in 
order to actually study the resistance of this alloy against
embrittlement as shown in the as water quenched alloy before thermal 
cycling. Thus it becomes obvious that the alloy K1525 after being 
thermally cycled has not only shown the resistance against as-water 
quenched brittleness but also embrittlement resulting due to air- 
cooling. It is clear that if the goal is to lower the DBTT, then 
brine-quenching rather than air-cooling should be employed. However, 
this would not be possible commercially. It should be possible to 
employ short austenitizing time at a lower temperature than that used 
in the present work (1000°C).
Cryogenic Tensile Properties
Beside a low DBTT, an adequate yield strength must also be 
developed in an alloy which is to be considered for cryogenic appli­
cations. Therefore alloy K1525 after being thermally cycled was tensile
tested at -78°C. The tensile results are summarized in figure 71
and Table XX.
It is shown that the alloy K1525 after being solution treated 
(lh, 1000°C) and water quenched exhibited a low elongation to UTS 
( - 1 1  pet) followed by high reduction in area to fracture at 
-80°C. After thermal cycling treatment alloy K1525 showed no definite 
yield point but considerable increase in elongation especially to
tensile strength (-42.5 pct)under the same conditions of testing. It
appears from this curve (figure 71) that deformation induced 
transformations of the metastable phases y and/or e to a are occurring 
during tensile testing at -78°C and causing improvement in impact 
toughness as well (156,157,158). The shape of the stress-strain 
curve suggests that this transformation is stress induced. The 
increase in work hardening could be partly from grain refinement and 
partly from the barriers to slip propagation caused by the twin 
boundaries of the twin-related martensite d formed from the e phase
(15) during the deformation induced transformation of epsilon and 
austenite to d. It has been shown (15) that this 6. martensite formed 
from the epsilon phase consists of twin-related plates rather than 
laths.
It appears from Zackay’s work (52) that with increasing amounts 
of e in a primarily a microstructure, the yield strength decreased 
which also seems to occur in alloy K1525 after thermal cycling 
treatment. It is also suggested (32) that in a (a+e) duplex structure
the flow or strain tends to concentrate in the weaker e phase and the
yield strength is controlled by the strength of the e phase. Using 
X-ray analysis after tension testing it was found (32) that a 
greater volume fraction of e transformed to d in the 16!Mn alloy than 
that in 20!Mn alloy. It is suggested that beyond 12$Mn, when the
hexagonal e phase begins to form, the DBTT of the alloys begin' to
drop and the alloys begin to lose their strength due to localised 
flow in the weaker e phase and a stress-induced transformation of 
e to a (15 7,158).
However, in alloy K1525 after the thermal-cycling treatment 
it is thought that the drop in the yield strength would have been 
greater without the grain refinement. Thus with a combination of 
a, e and y phases along with grain refinement a reasonable 
compromise in strength and toughness was achieved.
Although the ’yield’ or ’proof’ stress of the alloys is 
low at -78°C, which would not be desirable in a commercial materials 
this could be perhaps overcome by prior cold working the alloy (144).
5.2.2 Influence of Thermal-cycling treatment on Cryogenic
mechanical properties of alloy 157 with Ti and Al additions
An attempt was made to see the effect t of the same thermal 
cycling treatment on the impact toughness of alloy 137. It was thought 
that Ti and Al additions would act as grain refiners as well as 
scavengers for interstitials leading to an improvement in cryogenic 
properties.
In fact after thermal cycling, the impact transition temperature 
shifted from +150°C (lh, 1000°C-WQ) to -40°C as shown in figure 73.
It appears from figure 108 that the grain refinement also occurred 
to the same extent as was noticed in alloy K1525 (10-15ym) in spite 
of the addition of Ti and A l . Scanning electron fractographs in 
figures (1 1 0 -1 1 2 ) show ductile-cleavage fractures with precipitates 
of AIN, Ti(C,N) and MnS on the fracture surface as identified by 
dispersive X-ray analysis.
The total shift in impact transition temperature due to 
thermal cycling in alloy 137 was 190°C compared with 170°C in alloy 
K1525. Analysing this shift in alloy 137 in terms of Zackay’s estimate 
(32) of 1.3°C/volume % ( y + e )  gives a shift of ^80°C due to the 
presence of ductile phases and 'vllO°C due to grain refinement. This 
later result of ^110°C, due to grain refinement is in reasonable 
agreement with the estimated shift in DBTT of ^130°C due to grain 
refinement in thermally cycled K1525, but is considerably more than 
that due to grain refinement, calculated from Roberts’ work. Once 
again a synergistic interaction between grain refinement and the 
presence of ( y + e )  phases is suspected.
Nevertheless although alloy 137 has the same grain size and a
greater concentration of ductile phases as alloy K1525 after thermal 
cycling it has a higher DBTT. (-40°C compared with -60°C).
This difference is thought to be due to grain boundary precipi-^ 
tates of AIN and Ti(C,N).
Quarrell (58,102) and Fukagawa (103) reported that the
precipitation of AIN on the primary austenite grain boundaries in low 
♦alloy steels resulted^ in embrittlement (see section 2.2.6). Thus it- 
seems that similar kind of precipitation of AIN, Ti(C,N) has also 
occurred, during solution treatment at 1000°C for 1 hr followed by 
water quenching as shown by the scanning electron fractograph in 
figure 83. The fracture mode is predominantly intergranular with 
small precipitates on the grain-boundary facets. It is possible that 
these precipitates may have caused intergranular fracture together 
with possible segregation of N during the quench. On thermal 
cycling (2h, 740°C-AC-2h,655°C-AC-2h,740°C-AC-2h,655°C-AC) these pre- 
cipitates have actually coarsened along with some more precipitation, 
figs. 110-112.
It is suggested that this precipitation of AIN, Ti(C,N) 
during thermal cycling treatment actually result in the acceleration 
of the whole diffusion process, causing an increase in the volume 
percent of y and e phases in alloy 137. Support for this suggestion 
is provided by the work of Freeman and Knott (4) on Fe-10Mn-0.040. 
Austenite precipitates were observed in their alloy after one hour 
at 570°C or 24 hours at 520°C. The austenite was found at the lath 
and prior austenite grain boundaries and grew into long narrow 
islands along these boundaries. The lath and prior austenite grain 
boundaries were also the sites for precipitation of Fe^C and it was
suggested that the austenite was nucleated by these carbide particles. 
This process has also been observed to occur in a Fe-9%Ni steel 
(22,23,24) where it was found that austenite nucleated at carbide 
particles which had precipitated at the lath boundaries during 
the quench.
In summary, although alloy 137 has a greater concentration of 
ductile phases than alloy K1525 after thermal cycling , ^he presence 
of Ti(C,N) and AIN precipitates at prior austenite grain boundaries 
has resulted in loss of impact toughness below -40°C. The Ti(C,N) 
and AIN particles are thought to aid the nucleation of reverted 
austenite.
5.2.3 Effect of aging at 450°C on cryogenic mechanical properties
in thermally-cycled alloy with and without Ti and Al additions
Alloy K1525
Unfortunately because of shortage of material in alloy K1525 
the effect of aging at 450°C on the shift in DBTT could not be 
studied. Instead, the effect of aging on tensile ductility at -78°C 
was studied in alloy K1525. Prior to thermal cycling this alloy 
after being austenitised for 1 hour at 1000°C followed by water 
quenching, showed a drop in ductility after aging for 5 minutes 
at 450°C, figure 51. After thermal cycling no signs of embrittlement 
were detected by tensile ductility measurement at -78°C up to 
aging times of 2 hours. Engineering stress-strain curves at -78°C 
for alloy K1525 after thermal cycling and aging for 10 mins, 1 hour 
and 2 hours are shown in figure 72. The effect of aging at 450°C 
on hardness, microstructure and tensile-ductility in alloy K1525 
after thermal cycling treatment is summarized in tables XXI, XXII.
. ...i Slight variations in hardness could be associated with changes
in the phase analysis,'4 Optical metallography failed to show any changes 
in prior-austenite grain sizes.
As shown in figure 72, no definite yield point was
noticed in this alloy in all heat-treateji conditions. It appearsd c jo ryv\
from these tensile curves that . induced transformations of
the metastable phases y and/or e to a are occurring during tensile 
testing at -78°C and causing increase in lage elongation. The 
increase in tensile strength could be associated with increase in 
work hardening which could be partly because of grain-refinement 
and partly from the barriers to slip propagation caused by the twin 
boundaries of the twin-related martensite a as stated previously 
in section sr- 2 . 1
This deformation induced transformation of both e to a ’ and of 
the y to either or both e or a could cause significant rise in 
ductility and impact toughness of the alloy.
Alloy 157 (with Ti and Al additions)
In alloy 137 on aging for 6 mins at 450°C after being thermally 
cycled, the DBTT at 40J remained about the same. This behaviour 
could be attributed to the increase in volume percent of (e+y) phases 
from 60.2% after thermal cycling treatment to 71.3% after thermal 
cycling and aging for 6 mins at 450°C.
However there was little difference in the Charpy impact 
fractures in thermally-cycled specimens of alloy 137 before and 
after aging. The same typical ductiletcleavage mode at -78 C with 
high proportion of precipitates of AIN, Ti(C,N) was noted, figures 
110-112.
From these results, it would seem that both alloys K1525
and 137 are fairly resistant to embrittlement on aging 
after the thermal cycling treatment. -
6.0 CONCLUSIONS
Grain boundary embrittlement has been investigated in alloys 
based on Fe-8.0Mn. Such alloys had a.lath martensitic structure 
essentially free of retained austenite or epsilon martensite at 
all cooling rates from the austenitising temperature.
1. An Fe-8.0Mn alloy containing 0.003%N (K1525) exhibited 
brittle intergranular failure at prior austenite grain 
boundaries in the quenched condition. Auger analysis showed 
that there was no segregation of Mn or impurities to these 
boundaries but nitrogen was detected on prior austenite 
grain boundaries. It is suggested that N segregation 
occurred to the "  : austenite grain boundaries in the
metastable y field during cooling from the austenitising 
temperature. This segregated- layer led to brittle inter­
granular fracture. A possible desegregation of carbon at the 
brittle grain boundaries was also observed by AES which may 
have also contributed to the grain boundary weakness.
2. Alloys with 8%Mn and 0.03IN (134) and 0.03%N with addition of
0.1%Ti and 0.1%A1 (137) exhibited brittle cleavage fracture 
on ice-brine quenching. The AES analysis showred a slight 
rise in N concentration even on the cleavage fracture and the 
concentration of N varied from one region to another. The 
concentration of Mn was found equal to that of the bulk but 
no impurities were detected on the cleavage facets. It is 
suggested that, on rapid quenching, N segregation to austenite 
grain boundaries was suppressed in the metastable austenitic 
field, instead it segregated to dislocation complexes on the 
martensitic transformation on cooling below M s .
Alloys 134 (0.03N) and 137 (0.03N-0.ITi-O.1A1) showed inter­
granular fracture on air cooling with a rise in DBTT compared to 
the quenched condition. AES analysis in these air-cooled 
alloys indicated the simultaneous build up of N and Mn on the 
intergranular facets. It is suggested that the segregation of 
both N and Mn to grain boundaries occurred in the metastable 
austenitic field during air-cooling. The driving force for 
Mn segregation is thought to be the N-Mn interaction (95) and 
possibly the equilibrium segregation of Mn to austenite grain 
boundaries in the (a + y) phase region.
Aging quenched alloys of K1525, 134, 137 at 450°C resulted in 
further embrittlement as detected by a drop in tensile 
ductility and a rise in the DBTT. The fracture mode was 
already intergranular in the water-quenched condition in 
alloy K1525 and on aging fracture mode remained intergranular 
but embrittlement was intensified as found by a fall in tensile 
R.A. to zero. In alloys 134 and 137, the fracture mode was 
predominantly cleavage in the ice-brine quenched condition, but 
on aging alloy 134 showed mixed fracture with only 10-15% 
intergranular and remaining cleavage whereas in alloy 137 it 
changed to predominantly intergranular.
The variation in hardness and appearance of reverted austenite 
which may affect embrittlement was also studied on aging at 
450°C. Reverted austenite was not detected by X-ray analysis 
until after 60 hours and therefore did not affect the 
embrittling kinetics on aging at 450°C. The increase in hard­
ness on aging was less than 12HV30 in all the alloys and was 
therefore thought to make only a small contribution to the rise 
in DBTT on aging.
In alloy K1525 (0.003N) a small rise in N content at the 
brittle grain boundaries occurred and after 2 minutes at 
450°C a phosphorus build up occurred on the grain boundaries.
A Mn build up on the grain boundaries was detected and approached 
the equilibrium concentration, 24 atomic per cent ie that of 
reverted austenite after 12 minutes. Examination of the 
kinetics of segregation of Mn and'P at 450°C was consistent 
with bulk diffusion of Mn and P in a-Fe, while measurement 
of the kinetics of embrittlement at various temperatures by 
tensile ductility indicated that diffusion of N in a-Fe was 
the main rate controlling factor in isothermal embrittlement.
It is suggested that in this alloy, Mn segregation takes place 
in ferrite to all the boundaries in the lath martensitic 
structure as a preliminary step in the formation of reverted 
austenite at such sites. Segregation of N and P also occurs 
to the same boundaries due to Mn-N (95) and Mn-P (14 7) 
interactions. Failure occurs along prior austenite grain 
boundaries because these boundaries were already embrittled 
prior to aging and they are easiest paths for brittle 
fracture (151).
At high N contents such as in alloy 134 (0.03N) only a small 
amount of intergranular fracture occurred on aging and the 
build up of Mn and N on fracture boundaries was a lot slower 
compared with alloy K1525 (0.003N) and alloy 137 (0.03N, O.lTi,
0.1A1). It is thought that at this high N level, Mn and N
first form clusters within the matrix rather than 
diffusion to grain boundary sites. The driving force for this 
is thought to be the formation of.Mn^^ within grains. 
Nevertheless some segregation of Mn and N to boundary sites 
occurs on aging resulting in a rise in DBTT.
8 . On the other hand in alloys such as 137 (0.05N, O.lTi, 0.1A1) wit 
a small percentage of dissolved N, Mn and N were observed to 
build up freely on fracture surfaces causing embrittlement. In 
this case it is thought that segregation of Mn and N occurs
to boundary sites in the lath martensite rather than clustering 
of Mn and N atoms within the grains. The degree of 
embrittlement was less on aging compared with alloy 134 (0.03N) 
possibly because of the lower content of N in solid solution 
and the smaller grain size (40-45 ym compared with 65-70 ym)
due to refinement from the Ti and Al additions.
9. In all the alloys de-embrittlement occurred on overaging at 
450°C. This is thought to be mainly due to the formation of
thin layers of reverted austenite at embrittled grain
boundaries by the diffusion to them of Mn.
10. Embrittlement in alloy K1525 (0.003N) was found to exhibit a 
fC f curve behaviour with time and temperature. Maximum 
embrittlement occurred at 450°C. Above 450°C, reverted 
austenite formed rapidly on aging after embrittlement. It is 
suggested that segregation of Mn to boundary sites within the 
lath martensite occurs resulting in the formation of thin 
layers of reverted austenite giving de-embrittlement.
11. A thermal cycling treatment has been devised to overcome 
embrittlement.
r
In alloy K1525 (0.003N) the DBTT was reduced from +115°C to 
-60°C and the grain size from 80-90 ym to 10-15 ym. Reverted 
austenite and epsilon martensite were also produced in the 
structure. Such heat treated material appears resistant to 
embrittlement on aging at 450°C. Evidence of deformation 
induced transformation of the y and e phase was obtained on
tensile testing at -78°C. This transformation is thought to 
exhibit a TRIP effect and improve toughness.
In alloy 137 (0.03N, O.lTi, 0.1A1) although twice the amount 
of e martensite and reverted austenite were obtained on 
thermal cycling compared with alloy K1525, only the same grain 
size and DBTT was obtained. Impact toughness was thought to be 
impaired by intergranular precipitation of AIN and Ti (C,N) in 
alloy 137.
7.0 Recommendations for further work
1. The alloy 134 (0.03N) and alloy 181 (0.008N) both showed mainly 
intergranular fracture below the transition temperature on air- 
cooling. The DBTT value of alloy 181 was =120°C and of alloy 134 
-375°C. The AES results in alloy 134 supported the build up of 
both N and Mn on the grain boundaries thus enhancing the grain 
boundary fragility. The AES analysis work on alloy 181 is therefore 
needed to confirm the relationship between the amount of N and Mn 
segregating to grain boundaries.
2. Embrittlement studies on aging alloy 134 and alloy 181 at 
450°C showed that the alloys exhibited severe embrittlement in the 
first six minutes with greater embrittlement in the low nitrogen 
alloy 181. Preliminary fractographic studies indicated that the 
fracture mode was 100 pet intergranular in the low nitrogen alloy 181 
(0.008N) compared to 10-15% intergranular in high nitrogen alloy 134 
(0.03N). It is therefore necessary to do the fluger analysis work
in alloy 181 after being aged for 6 minutes, 1 hour and 10 hours.
It is hoped that this part of the work would be able to further 
clarify that Mn itself could also be responsible for brittleness 
especially during aging at 450°C. Alternatively, it is also sugg­
ested that aging studies be carried on in these alloys after being 
air cooled, especially in alloy 193 (0.008N, O.lTi, 0.1A1) where 
Ti and Al may tie up residual N on air cooling. In alloy 193, it is 
anticipated in the light of results of alloy 137, that a higher 
concentration of Mn will develop at the grain boundaries during 
aging but the enhancement in embrittlement will be suppressed because 
of grain refinement in these alloys.
3. The drop in tensile ductility as a function of aging time in 
alloy K1525 showed that the embrittlement occurred over a temperature 
range of 300-650°C. It is therefore recommended that Auger analysis 
be done on specimens embrittled at temperatures below 350°C, as 
Capus (63) reported in Ni-Cr steel that N embrittled alloys below 
350°C and addition of small amounts of Mn was also found to embrittle 
above 350°C. Bolton (1,3) also found in his alloys that the 
embrittlement was pronounced when they were aged between 2 50-400°C. 
Charushnikova (66) reported that severe embrittlement occurred in his 
Fe-Mn alloys on aging between 250-500°C and embrittlement was 
eliminated over the range 250-350°C by the addition of Ti and Al
but the alloys-still remained brittle over 350-500°C. Thus this 
part of work will help substantially in understanding the mechanisms 
of brittleness on aging over this temperature range (ie 250°C-350°C) .
4. In thermal cycling treatments, it is suggested that further 
improvement in cryogenic mechanical properties could be obtained by 
using a lower solution treatment temperature of nearly 800°C. Instead 
of air cooling during cycling, the specimens should be ice-brine 
quenched since the present work shows that air cooling results in 
considerable embrittlement. In alloy 137 containing O.lTi and 0.1A1, 
the cycling treatment should be modified to avoid the critical 
temperature ranges during which the precipitation of AIN and Ti(C,N) 
occurs along austenite grain boundaries and impairs the toughness.
5. Thermal cycled material showed evidence of a TRIP effect on 
tensile testing at -78°C. Further work is needed to determine 
whether transformations occurred during elastic or plastic 
deformation.
Further work of general relevance
In order to develop Mn-base low carbon steels for cryogenic 
applications it is suggested that weldability and formability of 
steels based on Fe-8.0Mn needs to be examined especially after a 
heat treatment to produce optimum toughness.
The present work shows that free nitrogen is mainly respon­
sible for embrittlement. Therefore further studies are required 
on alloys which are stabilised with Ti and/or Al. However care is 
required to achieve the correct balance between Ti and/or Al levels 
and the nitrogen content and also heat treatment to avoid inter­
granular precipitation of AIN and/or Ti(C,N).
A study of the resistanc^of the alloys containing various 
levels of impurities (N, Si, P, Sn, As, Sb) to embrittlement is 
required. In this respect alloys made with commercial alloy additions 
such as low-carbon ferro-manganese rather than high purity materials 
needs to be investigated.
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Fig 16, Grain-boundary enrichment factor versus inverse solid solubility (After Seah and Hondrosj>82)
<a.
co
250
•  ELECTROLYTIC IRON 
o HIGH PURITY IRON
2C0_|nawwMUBWwiifrwmnwi
Sg 15°:
UJ
100J
50.
■#o»
OXYGEN CONTENT
10 100 1000 (p p m )
Fig 17• Influence of oxygen concentration on the transition temperature of a decarburized electrolytic iron and high purity iron (CtlOppm) (86)
+40.
+20.
£
a -20.
-40. 
* • . .1-60
°C
OXYGEN CONTENTS
•  20Q0 ppm
■ a  400 ppm
*  200 ppm
o 125 ppm
a  30  ppm
o  1 ppm
10 30 50
CARBON CONTENT
—i---------------1----------------►*
70 90 (p p m )
Fig 18, Influence of oxygen concentration on the variation of transition temperature with the carbon content in high purity iron,(86)
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BRITTLE-FRACTURE STRESS AT-l96eG.,toni/iq.m.” . ■ _ ©Fig 19,Brittle-fracture stresses at -I96C of alloy (Fe-IT) furnace-cooled from II50C and subsequently heated at the temperature shown for times adjusted to give equal opportunity for diffusion of nitrogen,and then 
water quenched.(89)
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Fig 20. Brittle fracture stresses at -I96C of Fe-P alloysair-cooled from 1150$ and subsequently water-quenched from various temperatures.Alloys made from refined Norwegian electoiytic iron base.(57)
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grain boundary concentration,
Fig 21* Calculated curve for the variation of grain-boundary concentration of phosphorus with temperature for a specimen having a bulk concentration of 0,15 percent phosphorus, (After Hondros 74)
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Fig 22. The influence of nitrogen on the impact values at 206 of hardened and tempered high purity rsteels(63)
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Fig 23.The influence of impurity elements on the relationship between impact and hardness; values at 20&. of hardened and tempered high-purity-base steels.(63)
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Fig 24. Variation of microhardness of Fe-N and Fe-Mn-IT alloys tempered 30 at temperature.(96)
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Fig 23(a) • Amount of A1IT precipitated isothermally during cooling of A12T-bearing mild steel,(103)
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Fig 25(b), Amount of AI!f precipitated isothermally during reheating of the same steel.(103)
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Fig 26, Schematic representation of the embrittlement due to the finer dispersion of TiC,AlIT decorating the high and low angle prior austenite boundaries,(107)
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Fig 27. Tensile ductility on aging at 400C in Fe-I2Ifi-6Hn alloy (68)
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Pig 28, Embrittlement c curve determined on aging from tensile ductility data in Fe-l2tfi~6Mn alloy(68)
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Pig 29.1soembrittlement curves of Jaffe .and Buffum (113) plotted as a time-iemperature diagram,for a ITi~Cr steel(0,39percent carbon,0,IJveTcent manganese, 0,77percent chromium,I,26 percent nickel,0,013 V ex cent phosphorus)
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Fig 30.Data of Steven and Balajiva(80)plotted to showamount of embrittlement produced by various elements for an arbitrary embrittling treatment of l68h at 
450C, Base steel was 0. 2 10 0.3 per cent carbon, 3 V ex cent nickel,0.8per cent chromium.
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Fig 51. Inpact Transition curves for alloys KI525,I37*Solution treated I hour at 1000% and vrater quenched,.
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Fig 32, Inpact Transition curves for alloy 134 in the ice-brine 
quenched and air-cooled condition after being solution treated at 900% for 50 ninutes
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FIs 33* Impact Transition curves for alloy 137 in the ice-brine quenched and air-cooled condition after being solution treated at 9000 for $0 minutes.
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Fig 34. Comparison of impact transition curves for alloys 134
and 137 as: ice-brine quenched.
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Fig 35. Comparison of impact transition curves for alloys 134 and 137 &s air-cooled.
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Fig 36, Comparison of impact transition curves for alloys ISI 
and 193 as ice-brine quenched,(impact Data taken from Ilicfcbaht etal,I50)
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Fig 37. Comparison oi impact transition curves for alloys 181 
and 193 as air-cooled, After Wickbaht(150)
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Fig 38. Comparison of impact transition curves for alloys 134(0, 0321)
and 181 (O, 008lt) as ice-brine quenched.
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Fig 59. Comparison of impact transition curves for s,lloys Ij4(0, OJN) and 181(0. 00821) as air-cooled*
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Fig 40* Comparison of impact transition curves for alloys
137 (0. O5II-O. ITi-O, IA1) ‘ and 195(0. 008IT-0. ITi-O. IAl)
as. ice-brine quenched.
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Fig 42. Effect of aging at 45 OC on hardness in alloy I$4 after being ice-brine q.uenched.
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Fig 43# Effect of holding at 450C on ductile-brittle transition temperature in alloy 134 e.fter being ice-brine quenched.
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oFig 44, Effect of aging at 450C on hardness in alloy 137 after being ice-brine quenched.
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Fig 45. Effect of holding at 450C on ductile-brittle transition temperature in alloy 157 after being ice-brine quenched.
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Fig 46. Effect of holding time at 450C on ductile-brittle transits 
-ion temperature and hardness in alloys 154 and I57 after being ice-brine quenched.
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Fig 47. Effect of holding at 450C on ductile-brittle transit 
-ion temperature in alloy 181.after being ice-brine 
quenched.After Niekbaht(150)
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Fig 48. Effect of holding at 45OC on ductile-brittle trails: 
—ion temperature in alloy 1 9 3  after being ice-brine 
quenched,After Niekbaht(1 5 0 )
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Fig 30. Variation of hardness on aging alloy KI323 at 330C, 4000,4300 after being solution treated at I000°C for I hour and water quenched.
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Fig 51, Variation of tensile ductility vriLthe aging tineat 450C in KI525.Tensile tested at ~78C at a strain 
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Fig 55* ?he volume percent austenite and epsilon nartensite^ as a function of aging time in alloy KI525 at 450*0,550^ and 650%.
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Fig 54. Embrittlement Kinetics curve determined from tensile ductility transition. Shaded portion shows the region during which phase-transformations occur on isothermal holding in alloy KI525.
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Fig 33 AES spectra of the fracture surfaces of theas quenched and aged material in alloy KI525*
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Fig-56
Lath-m artensitc structure composed of three 
types of boundaries.
1. Prior austenite grain boundary (Austenitic boundary)
2. Interpacket boundary (F e rritic  boundary)
3. In te rla th  boundary (Ferritic boundary)
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Fig 57* ^be grain boundary concentration of Mn, If and P as a function of aging tine.
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Fig 58, The concentration of Mn,P , It and C as a function of distance from the grain boundary determined using argon ion bombardment.
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Fig 60. AES spectra of the fracture surface of as ice 
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Fig 61 . AES spectra of alloy 134-air cooled.
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Pig 62, AES spectra of the fracture surface of as ice-brine quenched and aged material in alloy Ip7*
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Fig 65, The effect of cooling rate on the variation ingrain boundary concentration of Mn and IT in alloys KI525 134, 157.
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Fig 65., The grain boundary concentration of Mn and N as a function of aging time in alloy 134.
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Fig 66, The grain boundary concentration of Mn and N as a 
function of aging time in alloy 137.
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FIG.68 SCHEMATIC REPRESENTATION OF THERMAL CYCLING TREATMENT CARRIED OUT IN ALLOY K152S Fe.80 Mn
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Fig 70(a).Effect of thermal cycling treatment on impact transition temperature in alloy KI525.
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Fi'g 71. Effect of thermal-cycling treatment on Engineering stress-Elogation curve in alloy KI525.Tensile tested at -7SC at a strain rate of 0,5min
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Fig 72. Effect of aging at 450C on Engineering siress-Elongation curve in alloy KIS25 after "being thermally-cycled. Tensile tested at -78#C at a strain rate of 0, 5min~~
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Fig 7 3* Influence of thermal-cycling treatment on the shift in. impact transition temperature in alloy 137 and the effect of holding thermally-cycled alloy for 6min. at 45 OC
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FIG. 74- SCHEMATIC ILLUSTRATION OF THE 
DEVELOPMENT OF MICROSTRUCTURE ON THERMAL- 
CYCLING TREATMENT IN ALLOY 137 CONTAINING 0-1Ti 
AND 0-1 Al
75(a). Optical Micrograph in alloy KI?25.Solution tr 
lQOOtl/lh-7/. Q,Prior Austenite grain, sise-80-90un 
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Fig 77.
IIOOO
Transmission Electron Micrograph showing dislocated 
lath-nartensitic structure in alloy 137,l/2 hr,90GC-A. C.
X 21000
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Fig
X 56000
78.Transmission Electron Micrograph showing lath martensiti 
structure in alloy 137,1/2 h r , 900*C-IBQ.
79.Transmission Electron Micrograph showing highly annealed 
substructure in alloy 137,l/2 h r ,9 00C-IBQ-aged at 4500 
for IOOOhrs.Note sub-boundaries in the micrograph.
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Fig 80(a)•Scanning Electron Micrograph of the fracture surface inalloy^KI525. Solution treated at IOOOC/lh-VJQ, Inpact tested at 250 showing mainly intergranular fracture mode.
Electron Micrograph of the fracture sar y as above,tahen from the random area..

>231.1 of fracture surf 
at ICOOC/lh-I2Q, Clea 
Inpact tested at 250
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Fig" 8p (2.). Scanning Electron Micrograph of the fracture surface alloy 157. Solution treated at IOOOfc for I hr-V/. Q, Inpac tested at 25*0* X 260
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Fig 84(a) Scanning Electron Micrograph of the fracture surface in alloy I;-4. Solution treated at 900t? for l/2hr-I3Q. Inpact tested at —7SCJ, shovring preaoninantly cleavage fracture node. X 480
l i l l l i l f eiu.x..akL^i. 'j&i 1m. \ . <(b) Fracture node close to V-notch X 480
(c)Fracture node opposite to V-notch
Fig 85(a).Scanning Electron Micrograph of fracture surface inalloy 157. Solution treated at 900°C for l/2 hr-IBQ. Alnost cleavage fracture ;vith so^e grain boundary facets.Inpact tested at -78tJ*
(c) fracture node opposite to V-notch
X 520
Fig 8 6 (a). Scanning Electron Micrograph of fracture surface in 
alloy 154, Solution treated at 90QC for l/2 hr-A. C. 
Impact tested at -I9 6 C,Fracture node is predominantly 
intergranular with some auasi-cleavage.
(b), Fracture node close to V-notch X 520
■e none oneoGite ■ -iO w*
x 4900
Fig 87(a). Carbon extraction replica of the fracture surface in 
alloy 154 in the air-cooled condition. On this nixed 
fracture node,it shows no sign of any kind of pptn 
at the grain boundaries.
(b), Sane as above but at higher nagnification. X 10500
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Fig 88(a). Scanning Electron Micrograph of the^ fracture surface in alloy 157.Solution treated at 900C for l/2 hr-A,C. Fracture node is predominantly intergranular.Impact tested at 20C.
(b). Fracture node close to V-notch, X 260
(c). Fracture node in the centre as 
but at higher nagnifleafion shown in (a) X 520
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Fig 89(a). Scanning Electron Micrograph of the fracture surf in alloy 194. Solution treated at 900*8 for l/2 hr-IB „ and aged at 490^ for 6 nins,-YM Q,Fracture node is 9-10 
percent intergranular.Inpact tested at 200.
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Fig 90(a). Scanning Electron Micrograph of the fracture surface 
in alloy Ip4,Solution treated at 900C for l/2 hr-IBQ 
and aged at 490C for I hr-YJ, Q. Fracture node is appro::. 
10-19 percent intergranular. Inpact tested at
(0). n ana on are, on ac 't ace
(b), band ora area on the fracture surface.
0. Scanning Electron L.icrograph ^  
in alloy 134.Solution treated at 9 0 0 C for l/2 hr-IB . 
and aged at 450C for IC hrs-V/, Q,. Fracture node is- ap 
1 0 - 1 5  percent intergranular.Inpact tested at 20C.
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Fig 92(a), Scanning Electron Micrograph of the fracture surface in alloy IpT.Solution treated at 900C for l/2 hr-IBQ, and aged at 450CJ for 6 nins,-V7, Q. Fracture node is apjprox, 50-60 percent intergranular, Inpact tested at 20C.
(b). Fr acture node close to V-notch
Fig 93 (*0 • Scanning Electron Micrograph of the fract-ure surface in alloy 157.Solution treated at 900C for l/2 hr-IBQ and aged at 450C for I hr-17, Q, Fracture node is ^approx, 80-90 percent intergranular. Inpact tested at 20C.
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Fig 95, Scanning Electron Micrograph of the fracture surface in alloy KI525. Solution treated at IOOOC for I ' hr-77. Q. and aged at 550^ for 10 nins. -V/. Q. Hounsefield tensile specinen tested at -7SC at a strain rate of 0,5 min1. Seduction of area dropped to sero percent with intergranular fracture node, X 250
llectron Micrograph of the fracture surface in Solutioii treated at 10000 for I hr-7,V2. and aged 10 nins-. -7/, Q, Hounsefield tensile specinen tested , strain rate of 0,5 nin.Reduction of area droppe :ent with intergranular • fractufe node. X 250
'ig 97(a), Optical Micrograph of alloy KI525.Solution treated at 
IOOOtJ for I hr-77* Q. Thernally cycled to one conplete cycle 
(I;,+ Ip). Prior austenite grain size reduced to 21 ■un as 
shown by white bead-lire nucleation of austenite along the 
austenite grain boundaries.Lightly etched in 2 pet, Hital 
followed by innersion in Schunanns Reagent, X 500
(j^ sane as abo » e cu u adjacena region on m e  net alio m a p  hi c 
specinen, X 500
m
y  • ;*s ■# ;v-$H' ■
Fig 98(a),Optical Micrograph of alloy KI525. Solution treated atIOOOC for I hr-7/, Q. Thernally cycled to two conplete cycles
by inncrsion in Schunanns Reagent.foilowed
ze
mm
(b)« Sane as above but adjacent region on the netallographic snecir.en, X SCO
mFig 99(a). Scanning Electron Micrograph of the fracture surface ___ 
alloy KIJ25 after thernal cycling treatnent,Inpact tested 
at - H O C  with an inpact energy of 7.0 joules. This low* 
energy fracture node is thought to be ductile+cleavage.X 520
u:e as a cove our a^ nighe?: nagnifi cation. 1040
Fig 100(a). Scanning Electron Micrograph of the fracture surface 
in alloy KI525% Solution treated at IOQOC for I hr-77. Q. 
thernally cycled. Hounsefield tensile specinen tested a, 
at a strain rate of 0.5 rain. Reduction of area dropped 
zero percent vrith a fracture node having so called flaking 
effect c.nd resulting in ductile-cleavage tyre fracture.
X 640
oo. S an e a , jo v QU nizication,
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* gj
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X 28000
Fig 101,Transmission Electron Micrograph showing a typical lath- 
-martensitic structure with high dislocation density,
reated I hr at I000°C-WQ.
Fig 102. Transmission Electron Micrograph shov/ing interlath
precipitation of reverted austenite and epsilon martensite
after thermal cycling treatment (i-t-I ) in alloy KI525.A R X 70,000
X 49000 x 49000
X 55000
Fig 105. Transmission Electron Micrograph showing the generation 
of tangled dislocations during thermal cycling treatment 
(I^-IB+II ) in alloy KI525.
X 70,00C
Fig 104. Transmission Electron Micrograph showing inter-lath
precipitation of reverted austenite and epsilon martensite
with sone tangled dislocation substructure after thermal
cycling treatment (I tl tll tll ) in alloy KI525.A B A B
C'} C l*
’ig 1 0 6 (a). Eright-field Transnission Electron Micrograph shoeing 
nucleation of reverted austenite islands v/ithin ferrite 
lath in alloy KI525 after thernal cycling treatment,
X 70,000
( 3 ) , Darli-f ii . n a ua:en iron (200) reflection. 0,000
X 42000
Fig 107(a) Bright-field Transmission Electron Micrograph showing 
inter-lath nucleation of reverted austenite in alloy 
KI525 after thermal cycling treatment.
X 42000
Fig 107(h), Dark-field image from (200) austenite reflection,
I08p Optical Micrograph of alloy 137.Solution treated at I00CG 
for I hr-7f. Q. and thermally cycled, Prior austenite grain sine 
reduced to 10-13 un as shown by nucleation of reverted 
austenite and pptn of A1U and Ti(C,IT) along the grain bound- 
-aries.Etched in 2 percent Hital. X 300
- * - ■ . ^ r ■'* * i • * * * . ' * • .
V v  < fc . jk v r # .• , -r ‘Sks* Ji .. £  ^  4. t %*• V fc'\ ; T **■-.' *y V '■ * ** -■i * r»-y .■< v  > * * * *1
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(b). Sane as above but adjacent region on the netallographi 
specimen, X SCO
109(a).Optical Micrograph of alloy Ip7.Solution treated at IC000 for I hr-Y?,Q.and thermally cycled. Etched in 2 percen llital follo'vcd by immersion in Schumanns He agent. H 900
X 2000
Fig 110(a).Scanning Electron Micrograph of the fracture surface 
of alloy 1 9 7  after thermal cycling treatment.Charpy 
in-pact tested at -780.
Fig 110(b) Energy Dispersive X-ray spectra taken from the
fracture surface shown above.The A1 enriched precipitate 
is thought to be AIN,
X 2000
Fig Ill(a), Scanning Electron Micrograph of the fracture surface
of alloy 1 3 7  after thermal cycling treatment.Charpy impact 
tested at -78C.
Fig 111(h), Energy Dispersive X-ray spectra taken from the
fracture surface shown above. The Ti enriched precipitate 
is thought to be Ti(C,ll).
X 2000
Fig 112(a).Scanning Electron Micrograph of the fracture surface 
of alloy 1 3 7  after thermal cycling treatment,Charpy 
impact tested at -780.
Fig 112(h), Energy Dispersive X-ray spectra taken from the 
fracture surface shown above,The precipitate is 
identified as MnS.
Scripta METALLURGICA Vol. 12, pp. 377-380, 1978Printed in the United States Pergamon Press, Inc.
THE NATURE OF INTERGRANULAR EMBRITTLEMENT IN QUENCHED Fe-Mn ALLOYS
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An economically attractive alternative to the Ni marageing steels is an analogous system based on Fe-Mn. The Fe-Mn and Fe-Ni systems exhibit similar austenite-ferrite transformation products and similar tensile properties are obtained but with the Mn producing a greater solid solution strenthening (1) (similar properties are obtained with 8% Mn as with 18% Ni). Incontrast, the Fe-Mn systems have been shown to exhibit poor impact properties characterized bya low temperature intergranular fracture mode (1-4). The embrittlement behaviour is analogous to that of temper embrittled steels, with the fracture propagating along the prior austenite grain boundaries and is enhanced on tempering within the temperature range 400-500°C (1). Transmission electron microscope studies have failed to identify any second phase particles responsible for the embrittlement.
In this paper we wish to report the results of an investigation into the nature of theembrittlement produced on quenching from the austenite field. Two low carbon Fe 8% Mn alloysof differing nitrogen contents were studied; details of the compositions and heat treatments are presented in Tables 1 and 2 respectively. The mechanical impact properties were determined using sub-standard Charpy test pieces. Intergranular embrittlement was characterized using Auger Electron Spectroscopy (AES) to analyse the chemical composition of the intergranular facets produced by in situ impact fracture (5) in the Auger Spectrometer. AES analysis was performed using a CMA analyser with an integral electron gun providing a spot size of 20 pm.The differential energy spectra were recorded at a modulation of 3V peak to peak, a primary energy of 2.5 keV and a specimen current of 4 yA.
A lath martensitic structure was produced by the heat treatments which was essentially free of e martensite or retained austenite (<2%). The low nitrogen containing alloy, K1525, exhibi­ted a high ductile-brittle transition temperature (DBTT), 115°C, and an intergranular fracture mode in the lower shelf region of the transition curve (Fig 1). Similar AES analyses were ob­tained from different intergranular facets of a given impact sample and the intergranular frac­ture was shown to be primarily associated with the grain boundary segregation of N and P, with no concomitant segregation of Mn. However, on a few samples examined enhanced N and Mn concen­trations were detected with no associated P segregation. These anamolous observations are interpreted as due to a site competition process between P and N in the y field produced.during a slower cooling rate experienced by the AES impact sample. The embrittlement produced on sub­sequent isothermal ageing at 450°C has been shown (6) to be produced by the grain boundary seg­regation of Mn and P and therefore site competition between Mn and P in the a field is con­sidered unlikely.
The impact properties of the high nitrogen containing alloy, A134, were sensitively depen­dent upon the cooling rate from the austenitization temperature (Fig 1). Brine quenching pro­duced a low DBTT (350C) and a cleavage brittle fracture mode, consistent with the observations of Roberts (7), whereas in contrast, air cooling produced a dramatic increase in the DBTT (385°C) a decrease in the upper shelf energy and a change in the low temperature fracture mode to inter­granular. Auger analysis of the intergranular fracture surface (Fig 3) showed enhanced concen­trations of N and Mn but no P segregation was detected. Ion profiling showed that the segrega­tion was confined to the first few monolayers of the fracture surface.
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TABLE 1 
Alloy Composition
Alloy wt%TlrT C N Ti' Cr Mo Si p mS Ni A1 P Sn Sb As
K1525 8.10 40 30 - 20 - 115 100 27 - 60 50 10 27
A 134 7.93 100 300 <10 130 130 ' 300 50 70 50 20 50 <10 <100
TABLE 2 
Heat Treatment Schedule
Alloy Heat Treatment Grai nSize(Vim)
Hv(V.H.N) DBTT(°C) LowTemperatureFractureMode
K1525 WQ Ih 1000°C — * Water Quench 85 250 + 10 115 IntergranularA 134 IBQ |h 900°C — > Ice Brine Quench 60 289 + 10 35 Cleavage
A 134 AC ih 900°C -> Air Cool 60 298 + 10 385 Intergranular
TABLE 3 
Summary of AES Results
Alloy % of Fe(703eV) Peak Height at% Grain Boundary Mn
Mn N P N P Bulk Mn
K1525 WQ (i) 4.6 ro LO ro 1.8 .1 1.0
K1525 WQ (ii) 6.6 3.5 2.2 1.4
A 134 AC 9.1 13.6 8.5 1.9
The results of the AES analysis are summarized in Table 3, with the N and P concentrations quantified using the procedure described previously (8). The grain boundary enrichment of Mn was indexed by normalizing with respect to the Mn signal obtained from the cleavage fracture, which was equated to that of the bulk. The above embrittlement/segregation behaviour is con­sidered to comprise two distinct types of segregation which are reflected in the degree of grain boundary enrichment of Mn.
(i) Segregation in the y field
The intergranular brittleness of the low nitrogen containing alloy (K1525) was shown to be due to the grain boundary segregation of N and P, in the y field, with no concomitant Mn enrich­ment.
The observation of P segregation in the y field is consistent with previous work (9-12) and Inoue (11) has shown that the level of segregated P was not significantly influenced by the austenitization temperature. The N segregation in the y field is also consistent with earlier work (8) but in conflict with the observations of Inoue (11) who reported no influence of N after low austenitizing treatments (930°C) in an Fe 1.5% Mn .24% Si alloy; however these obser-
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FIG. 1
Impact transition curves obtained using half size Charpy V notched samples of (□) Alloy K1525 - Water quenched; (o) Alloy A134 - ice brine quenched; (•) Alloy A134 - air cooled.
vations may be reconciled by a strong Si-N interaction in the latter alloy. The absence of Mn segregation in the y field is consistent with the observations of Krahe and Guttmann (13) on an Fe 2% Mn alloy. Cleavage fracture was produced on brine quenching the high nitrogen containing alloy (A134), indicating a lower bulk concentration of P and the limited embrittlement potency of N.(ii) Segregation in the (a+y) field
Embrittlement was markedly enhanced on air cooling alloy A134 from the y field and was shown to be associated with the grain boundary segregation of Mn and N (with no P detected). On air cooling, the alloy will be in a metastable austenitic condition down to the Ms ^ 360°C, and it is postulated that N and Mn segregate to the grain boundaries whilst in this metastable field. Two possible driving forces, or a combination of both, need to be considered: (a) the grain boundary segregation of N which induces Mn segregation due to the strong chemical interaction of Mn-N thus lowering the chemical potential of the system (14). Evidence of this interaction is provided by the work of Fuller and Garwood (15) who reported a strong secondary hardening peak at 450°C on tempering a Fe-Mn-N martensite; (b) the equilibrium segregation of Mn at the prior austenite grain boundaries in the (a+y) phase field. However, the bulk reaction y (metastable) 
( a + y )  (equilibrium) is extremely slow in the Fe-Mn system (16).
In conclusion, embrittlement in "quenched" Fe 8% Mn alloys has been shown to be due to the grain boundary segregation of N, P and Mn. In rapidly quenched materials embrittlement is due to N and P segregation in the y field, whereas in slowly cooled air quenched material the em­brittlement is enhanced due to segregation of N and Mn in the metastable (a+y) regime.
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THE EFFECT OF THEKMAL CYCLING ON THE IMPACT TOUGHNESS OF AN Fe-8.0Mn ALLOY
M Nasim and E A Wilson
Department of Metallurgy, Sheffield City Polytechnic, Sheffield, UK
A thermal cycling treatment is described which lowers the 
impact transition temperature from +115°C to -60°C in an 
Fe-8.0Mn alloy. Apart from grain refinement, evidence is 
presented to show that deformation-induced transformation also 
occurs on tensile testing to improve toughness.
INTRODUCTION
Lath martensite forms the basic microstructure of 9%Ni cryogenic steels and 18%Ni 
maraging steels (1). The same microstructure is obtained in Fe-8.0%Mn alloys at 
all cooling rates (2) and therefore may form a cheaper base for alternative 
steels. However, the Fe-8.0%Mn alloys suffer from grain boundary embrittlement(3). 
Auger spectroscopy has shown recently that the embrittlement is due to segregation 
of Mn and N to prior austenite grain boundaries (4). This paper reports the 
results of attempts to improve the impact toughness of the material studied in (4) 
by thermal cycling treatments (5-9).
EXPERIMENTAL PROCEDURE AND RESULTS
The composition of the alloy studied is given in table 1.
TABLE 1 Composition of alloy K1525
Mass ppm
% Mn Ti Cr Mo C N Si S Ni A1 P Sn Sb As
8.10 - 20 - 40 30 115 100 27 - 60 50 10 27
Transformation points determined by dilatometry at heating and cooling rates of 
50°C/min are given in table 2.
TABLE 2 Transformation Temperatures of alloy K1525
M = 3 6 0  ± 5°C M f = 336 ± 5°C A = 677 ± 5°C s A f = 723 ± 5°C
From these transformation temperatures the thermal cycling treatment shown in 
figure 1 was devised. The holding temperatures and times were selected on the basis that the austenitising temperature should be low enough to minimise g r a m  
growth, while the temperature of holding in the ( a + y )  phase region should be 
high enough to maximise the extent of diffusional transformation to low manganese 
ferrite and high manganese austenite (reverted austenite).
After two complete cycles, the austenite grain size was reduced from 8 0 -9 0 n^i to 10-15ym. The impact transition temperature determined from sub-standard^Cnaroy 
V-notched specimens of 5 x 10 mm section, was reduced from +115°C to -60 <■.. 
figure 2.
* PHASE TRANSFORMATIONS
During holding in the two-phase ( a + y )  region, reverted austenite forms which may 
subsequently transform to a lath martensite and/or e martensite on cooling, 
depending on the composition of the reverted austenite formed in the two-phase 
region. The proportion of phases in the alloy after heat treatment were deter­
mined by X-ray diffraction (10)(11) using line intensity measurements from 4 peak 
combinations. The average values are given in table 3 and are thought to be 
accurate' to better than ±1%.
TABLE 3 Phase analysis of alloy after heat treatment
Phases Heat Treatment
l h  1,000°C 
water quench 
(a)
(a) + 1A
(b)
(b) +
(c)
IB (c) + 2A
(d)
(d) + 2B
(e)
(e) + 15 mins 
at -196°C
y ] <2% 5.8% 4.1% 8.0% 6.0%£  ^ <2% 28.0% 4.0% 24.6% 26.8%
a >98% >98% 66.2% 91.9% 67.4% 67.2%
It is evident from figure 4 that the reverted austenite forms mainly at the prior 
austenite grain boundaries and to a lesser extent at the inter-lath boundaries, 
as shown in the dark field electronmicrograph figure 7.
After thermal cycling, the nature of the brittle fracture changed from inter­
granular to that shown in figure 5; where fracture was mainly by cleavage with 
ductile regions apparently corresponding to the grain boundary regions which 
originally consisted of reverted austenite.
Previous work (12) has shown that alloy K1525 in the initial heat treated cond­
ition (ie (a)) rapidly embrittles on ageing at 450°C. On tensile testing at 
-78°C at a strain rate of 0.5 min- 1 , the reduction of area value dropped to zero 
after 5 minutes ageing at 450°C. The thermally cycled material was therefore 
subjected to the same tensile test after ageing at 450°C to see if embrittlement 
could be induced in these specimens. The results are shown in figure 3 and the 
corresponding X-ray phase analysis in table 4.
TABLE 4 Phase analysis after ageing thermally cycled material 
(1A + IB + 2A + 2 B ) at 450°C
Phases Thermally 
Cycled 
(Th.Cy.)
Th.Cy + 10 
mins 450°C 
WQ
Th.Cy + lh 
450°C WQ
Th.Cy + 2h 
450°C WQ
Th.Cy + 2h 450°C 
WQ + 15 mins -78°C
Y 8.0 12.5 9.5 10.6 6.0
E 24.7 11.8 14.5 8.8 9.5
a 67.3 75.7 76.0 80.6 84.5
The peculiar stress/strain curves obtained are thought to arise from deformation 
induced transformation of y+e martensite and/or a martensite or e->a. Such 
phenomenon has been observed in TRIP steels (13) and increases the toughness 
of the steel.
DISCUSSION
Holden et al (2) and more recently M J Schanfein et al (14) have reported on the 
excellent impact toughness of Fe-Mn alloys containing (y+’e) phases. Clearly the 
improved impact toughness of the present alloy can also be attributed to the 
introduction of these ductile phases into the microstructure as well as to grain 
refinement. M J Schanfein et al (14) report that the DBTT is lowered by 1.3°C per 
volume % (y+e). Applying this figure to the present results suggests that of the 
total shift of 175°C in DBTT, ^45°C is due to the presence of (y+e) phases and 
^130°C due to grain refinement. This latter figure, (130°C), would appear to be 
rather large for grain refinement alone (15) and indicates a synergistic inter­
action between grain refinement and the presence of (y+e) phases. (From figures 2 
amd 7 of Roberts' work (15) the reduction in prior austenite grain size from 
80-90ym to 10-15ym in the present alloy, corresponds to a shift in DBTT ^50°C.)
PHASE TRANSFORMATIONS
The exact role of the (y+e) phases in reducing embrittlement is not clear. It has 
been suggested (16) that:-
(a) Austenite may act as a sink for impurities, in this case N, reducing em- 
• brittlement during heat treatment (17)
(b) The ductile phases (y+e) may act as crack arresters blunting the propagation 
of brittle cracks (18-21)
(c) Transformation of austenite to “-martensite and/or e-martensite may occur 
during impact testing improving toughness (22,23,24). Evidence for this 
is provided by figure 3.
Present work on this and other alloys is aimed at establishing the relative 
importance of such parameters.
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Figure 1 Schematic representation of thermal cycling treatment given to alloy
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Figure 2 Effect of thermal cycling on impact toughness of alloy
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Figure 3 Stress-strain curves of alloy after various heat treatments. Tested 
at -78°C and a strain rate of 0.5 min“ 1
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